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Summary

This thesis addresses one of the most pressing challenges in contemporary surface
engineering: the design, development, and characterization of high-performance thermal
spray coatings that are entirely free of cobalt and tungsten, yet capable of providing wear
and corrosion protection comparable to or exceeding that of conventional Co- and W-based
systems, while simultaneously addressing environmental, health, and supply-chain
concerns associated with critical raw materials (CRMs). Across multiple industrial sectors
including energy, aerospace, automotive, marine engineering, mining, and heavy
machinery; metallic components are routinely subjected to extreme mechanical and
chemical conditions, where abrasive, adhesive, and erosive wear processes interact with
localized corrosion phenomena such as pitting, crevice, and intergranular attack. These
processes result in premature component failure, unexpected maintenance shutdowns, and
significant economic losses, motivating the need for advanced surface protection strategies.
Thermal spray technologies, and particularly high-velocity methods such as High Velocity
Oxy-Fuel (HVOF) and High Velocity Air-Fuel (HVAF), have emerged as industrially mature
and versatile solutions capable of producing dense, adherent, low-porosity coatings over
large and geometrically complex surfaces. In current practice, WC—CoCr and Cr3C2-NiCr
coatings, as well as Stellite-type Co-based alloys, serve as benchmarks for severe abrasive
and sliding wear and are increasingly favored as environmentally safer alternatives to hard
chromium plating due to REACH regulations. However, the reliance on cobalt and tungsten
is constrained by their classification as critical raw materials by the European Commission,
reflecting both economic importance and supply vulnerability, while cobalt compounds are
recognized as carcinogenic and mutagenic and hexavalent chromium is subject to strict
regulatory control. Consequently, there is an urgent demand for new coating systems that

minimize or eliminate CRMs without sacrificing functional performance.

High-entropy alloys (HEAs), also known as multi-principal element alloys, represent a
transformative approach in alloy design and are particularly promising for CRM-free
coatings. Typically composed of five or more elements in near-equiatomic ratios, HEAs often
crystallize into simple FCC or BCC solid solutions, with properties arising from high
configurational entropy, lattice distortion, sluggish diffusion, and the so-called cocktail effect,
though the contribution of these mechanisms is highly composition-dependent. HEAs offer
high hardness and strength via solid-solution and lattice distortion strengthening, enhanced

corrosion and oxidation resistance when elements such as Cr and Al are incorporated, and
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excellent thermal stability over broad temperature ranges, making them ideal candidates for
protective coatings. In parallel, the literature has explored various strategies for reducing or
eliminating CRMs in conventional cermet systems, including substituting cobalt binders with
Fe- or Ni-based matrices, replacing WC with alternative carbides such as TiC, NbC, or
complex (Ti,Mo)(C,N) solid solutions, and developing advanced cermets that balance
ceramic reinforcement with alternative metallic binders. Previous studies have
demonstrated that TiC- or NbC-based HVOF coatings with NiCr or FeCrAl matrices can
approach CrsC2—NiCr performance under certain conditions, but they often suffer from
intrinsic brittleness and limited toughness, particularly under sliding or impact wear,
highlighting the need for metallic matrices capable of delivering high hardness, ductility, and

fracture toughness without CRMs.

Within this context, the overarching objective of this PhD research was to design, deposit,
and characterize high-performance HVOF coatings that are fully free of cobalt and tungsten,
while matching or surpassing the mechanical, tribological, and corrosion properties of
conventional Co- and W-based coatings. Two complementary material families were

developed:

e Metallic HEA coatings, including the equiatomic CrMnFeCoNi Cantor alloy as a
reference, and a cobalt-free Alx(CrMnFeNi) series with x = 0, 10, and 14 at.%, where
increasing Al content enables phase evolution from FCC to dual FCC/BCC to
predominantly BCC/B2, thereby increasing hardness at the expense of ductility;

e HEA-TIC cermet coatings, in which HEA matrices are reinforced with 60 vol.% TiC to
produce hardmetal-like microstructures, with four matrices explored, including
Cantor+60TiC, Alo(CrMnFeNi)+60TiC, Al14(CrMnFeNi)+60TiC, and
AICuCrFeNi+60TiC.

Powders were produced by high-energy ball milling, enabling rapid compositional screening
and cost-effective development, sieved to —45/+10 ym, and deposited via HVOF onto grit-
blasted AISI 304 stainless steel substrates under systematically optimized parameters to
ensure uniform thickness, minimize oxidation, and avoid powder overheating.

Extensive characterization included particle size distribution analysis, XRD with Rietveld
refinement, SEM/EDX of polished cross-sections, Vickers microhardness and high-speed

nanoindentation mapping with Gaussian mixture model analysis, tribological evaluation via



ball-on-disc sliding (ASTM G99) and steel-wheel abrasion, and electrochemical corrosion
testing in 3.5 wt.% NaCl. Metallic HEA coatings exhibited dense, low-porosity
microstructures with phase evolution consistent with Al content: Cantor and Alo coatings
were predominantly FCC, Al formed dual FCC/BCC structures, and Al14 transitioned to
BCC/B2. Mechanical evaluation revealed that hardness increased with Al content, with FCC
matrices providing the best balance between hardness and toughness, while BCC-rich
phases offered higher hardness but increased brittleness. Corrosion testing indicated that
oxide content was the main determinant of current density, with all metallic HEAs achieving

corrosion resistance comparable to stainless steel or Ni-based overlays.

HEA-TIC cermet coatings showed uniform TiC dispersion, with Cantor+60TiC and
Alo+60TiC exhibiting TiC1-x formation and Al14+60TiC displaying the highest oxidation,
whereas AICuCrFeNi+60TiC demonstrated minimal oxidation and excellent carbide stability.
Nanoindentation revealed four distinct mechanical populations: soft FCC metallic phases,
hard BCC-rich phases, intermediate interfacial zones, and very hard TiC particles. Sliding
wear performance was lower than that of WC—CoCr and the best (Ti,Mo0)(C,N)—-Ni systems
due to interfacial fatigue and crack initiation, whereas high-stress abrasion showed that
Cantor+60TiC and AICuCrFeNi+60TiC matched or approached Cr3C2>—NiCr, with
AICuCrFeNi+60TiC performing exceptionally well due to its ductile FCC matrix and low oxide
content. Corrosion performance was generally suitable for industrial applications, with oxide

content again dominating behaviour.

Overall, the research demonstrates that fully CRM-free metallic HEAs and HEA-TiC cermets
can provide corrosion resistance, hardness, and abrasive wear performance comparable to
conventional Co- and W-based coatings, while dual-phase FCC/BCC matrices offer the
optimal balance between toughness and hardness. The study establishes practical design
guidelines for CRM-free coatings, including controlled phase engineering via Al content and
valence electron concentration (VEC), optimization of TiC volume fraction (~60 vol.%) for
hardmetal-like performance, minimization of oxidation through tailored HVOF/HVAF
parameters, and the application of advanced micromechanical characterization to guide
microstructural refinement. By integrating sustainable materials design, industrially mature
deposition processes, and comprehensive tribo-corrosion characterization, this work
provides a viable pathway for the development of high-performance, environmentally
responsible, and supply-secure thermal spray coatings suitable for demanding industrial

applications.
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Summary (ltalian version)

Questa tesi affronta una delle sfide attualmente piu rilevanti nellingegneria delle superfici:
la progettazione, lo sviluppo e la caratterizzazione di rivestimenti thermal spray ad alte
prestazioni, completamente privi di cobalto e tungsteno, ma capaci di garantire una
protezione dall’usura e dalla corrosione pari o superiore a quella dei tradizionali sistemi
basati su Co e W. L'obiettivo & simultaneamente quello di mitigare le problematiche

ambientali, sanitarie e di supply-chain associate alle Critical Raw Materials (CRMs).

In numerosi settori industriali (tra cui energia, aerospazio, automotive, ingegneria navale,
estrattiva e macchinari pesanti) i componenti metallici operano in condizioni estremamente
severe. Processi di usura abrasiva, adesiva e erosiva interagiscono con fenomeni di
corrosione come pitting, crevice e attacco intergranulare, provocando guasti prematuri,
fermi manutentivi imprevisti e significative perdite economiche. Questi scenari rendono

indispensabile I'impiego di strategie avanzate ingegneria delle superfici.

Le tecnologie di thermal spray, in particolare i processi ad alta velocita come High Velocity
Oxy-Fuel (HVOF) e High Velocity Air-Fuel (HVAF), rappresentano oggi soluzioni mature e
versatili, in grado di produrre rivestimenti densi, aderenti e a bassa porosita su superfici
estese 0 geometricamente complesse. Attualmente, i rivestimenti WC—-CoCr, Cr;C,—NiCr e
le leghe Co-based tipo Stellite costituiscono i benchmark per condizioni di severa usura e
sono sempre piu adottati come alternative piu sicure alla cromatura dura, anche in risposta
alle normative REACH. Tuttavia, la dipendenza da cobalto e tungsteno risulta critica in
quanto entrambi sono classificati come CRMs dalla Commissione Europea, mentre i
composti del Co sono cancerogeni e mutageni, e il Cr®* & soggetto a stringenti
regolamentazioni. Di conseguenza, vi € un urgente bisogno di rivestimenti che riducano o

eliminino I'impiego di CRMs senza compromessi prestazionali.

In questo contesto, le High-Entropy Alloys (HEAs) rappresentano un paradigma innovativo
nella progettazione delle leghe metalliche e un’opzione particolarmente promettente per
rivestimenti CRM-free. Costituite tipicamente da cinque o piu elementi in rapporti quasi
equiatomici, le HEA formano spesso soluzioni solide FCC o BCC, con proprieta influenzate
da high configurational entropy, lattice distortion, sluggish diffusion e dal cosiddetto cocktail
effect, sebbene I'entita di ciascun meccanismo dipenda fortemente dalla composizione. Le
HEA offrono durezza e resistenza elevate per effetto del solid-solution strengthening e del
lattice distortion, ottima resistenza alla corrosione e all’ossidazione quando presenti
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elementi come Cr e Al, e stabilita termica su ampi intervalli di temperatura. Parallelamente,
la comunita scientifica ha investigato strategie per ridurre o eliminare i CRMs nei cermet
convenzionali, tra cui 'impiego di matrici Fe- o Ni-based al posto del Co, la sostituzione del
WC con carburi alternativi (TiC, NbC, o sistemi complessi tipo (Ti,M0)(C,N)), e lo sviluppo
di cermet avanzati in cui il rinforzo ceramico sia opportunamente bilanciato con leganti
metallici alternativi. Sebbene alcuni rivestimenti HVOF a base di TiC o NbC con matrici NiCr
o FeCrAl abbiano dimostrato prestazioni comparabili ai Cr;C,—NiCr in determinate
condizioni, la loro tenacita limitata sotto sliding o impatti rimane una criticita, sottolineando

la necessita di matrici metalliche dure, duttili e tenaci, ma prive di CRMs.

Alla luce di queste considerazioni, I'obiettivo principale di questa ricerca di dottorato & stato
progettare, depositare e caratterizzare rivestimenti HVOF totalmente privi di Co e W,
mantenendo o superando le prestazioni meccaniche, tribologiche e anti-corrosive dei

rivestimenti convenzionali. Sono state sviluppate due famiglie complementari:

» Rivestimenti metallici HEA, comprendenti la lega equiatomica CrMnFeCoNi (Cantor
alloy) come riferimento, e una serie cobalt-free Alx(CrMnFeNi) con x = 0, 10 e 14
at.%, in cui 'aumento del contenuto di Al induce una transizione di fase da FCC a
FCC/BCC fino a BCC/B2, incrementando la durezza a scapito della duttilita;

« Cermet HEA-TIC, costituiti da matrici HEA rinforzate con 60 vol.% TiC, comprendenti
quattro sistemi: Cantor+60TiC, Alo(CrMnFeNi)+60TiC, Al14(CrMnFeNi)+60TiC e
AICuCrFeNi+60TiC.

Le polveri sono state prodotte tramite high-energy ball milling, setacciate a -45/+10 ym e
successivamente depositate via HVOF su substrati in acciaio inossidabile AlSI 304 sabbiati,
con parametri ottimizzati per ottenere spessori uniformi, ridurre I'ossidazione e prevenire il

surriscaldamento delle particelle.

La caratterizzazione ha incluso analisi della particle size distribution, XRD con Rietveld
refinement, osservazioni SEM/EDX, microdurezza Vickers, high-speed nanoindentation
mapping con analisi tramite Gaussian Mixture Model, test tribologici ball-on-disc (ASTM
G99), test di abrasione con ruota d’acciaio e prove di corrosione elettrochimica in soluzione
di NaCl al 3,5%. | rivestimenti HEA metallici hanno mostrato microstrutture dense e a bassa
porosita, con una chiara evoluzione di fase correlata al contenuto di Al: Cantor e Alo
prevalentemente FCC, Al1o presenta una struttura duale FCC/BCC, mentre Al14 mostra un
assetto BCC/B2. La durezza aumentava con il contenuto di Al, con le matrici FCC che
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offrivano il miglior compromesso hardness—toughness, mentre le matrici ricche in BCC
garantivano maggiore durezza ma anche maggiore fragilita. La resistenza alla corrosione &
risultata fortemente influenzata dal contenuto di ossidi, con tutte le HEA che hanno mostrato

prestazioni comparabili a quelle dell’acciaio inossidabile o dei rivestimenti Ni-based.

| cermet HEA-TIC hanno mostrato una dispersione omogenea del TiC. Cantor+60TiC e
Alo+60TiC hanno evidenziato formazione di TiC;—x, mentre Al14+60TiC & risultato il piu
ossidato; al contrario, AICuCrFeNi+60TiC ha mostrato minima ossidazione ed eccellente
stabilita dei carburi. La nanoindentazione ha identificato quattro fasi con dverse proprieta
meccaniche: fasi FCC morbide, fasi ricche in BCC piu dure, zone intermedie e particelle di
TiC molto dure. Le prestazioni di resistenza all’usura strisciante sono risultate inferiori a
quelle dei sistemi WC—-CoCr e dei migliori (Ti,Mo)(C,N)-Ni, principalmente per fenomeni di
fatica e iniziazione di cricche. Tuttavia, sotto condizioni di usura abrasiva, i sistemi
Cantor+60TiC e AICuCrFeNi+60TiC hanno eguagliato o avvicinato le prestazioni dei Cr;C,—
NiCr, con AICuCrFeNi+60TiC che si & distinto grazie alla matrice duttile FCC e al basso
contenuto di ossidi. Anche la resistenza a corrosione € risultata adeguata ad applicazioni

industriali.

Nel complesso, questa ricerca dimostra che HEA metalliche e cermet HEA-TIC
completamente CRM-free possono raggiungere resistenza alla corrosione, durezza e
prestazioni in usura abrasiva comparabili ai rivestimenti convenzionali a base di Coe W. Le
matrici dual-phase FCC/BCC rappresentano il miglior compromesso tra tenacita e durezza.
Il lavoro fornisce inoltre linee guida pratiche per la progettazione di rivestimenti CRM-free,
includendo l'ingegnerizzazione controllata delle fasi tramite contenuto di Al e Valence
Electron Concentration (VEC), I'ottimizzazione del TiC intorno al 60 vol.% per prestazioni
simili agli hardmetal, la minimizzazione dell’'ossidazione tramite parametri HVOF/HVAF
dedicati e I'impiego di tecniche avanzate di micromeccanica per guidare il miglioramento

microstrutturale.

Integrando una progettazione sostenibile dei materiali, processi di deposizione
industrialmente maturi e una caratterizzazione tribo-corrosiva completa, questo lavoro offre
un percorso concreto verso lo sviluppo di rivestimenti thermal spray ad alte prestazioni, piu
sostenibili, piu sicuri e meno dipendenti da risorse critiche, idonei per applicazioni industriali

molto impegnative.
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Aim of the PhD reserch

Wear and corrosion remain critical engineering challenges across industrial sectors,
significantly undermining the longevity, safety, and efficiency of mechanical components.
These degradation mechanisms are responsible for billions of euros in losses annually due
to equipment failure, unscheduled maintenance, and decreased operational reliability.
Common wear modes include abrasive wear (caused by hard particles or protuberances),
adhesive wear (due to surface interaction and material transfer), and erosive wear (from
high-velocity particle impact). Corrosion phenomena such as pitting, crevice corrosion,
intergranular attack, and galvanic corrosion further compromise structural integrity,
especially in chemically aggressive or high-humidity environments[1].

Europe’s manufacturing sector covering critical domains such as aerospace, energy,
automotive, marine, and heavy engineering is under intensifying pressure to improve both
productivity and environmental performance. With sustainability regulations tightening and
customer expectations for reliability growing, the industry must adopt more effective

strategies to extend component life and minimize lifecycle costs|[2].

To address these challenges, advanced surface engineering techniques have come to the
forefront, particularly thermal spray coating technologies. These methods offer a powerful,
flexible means to deposit protective coatings that enhance wear resistance, corrosion
resistance, and thermal stability. Unlike bulk material substitution, which is often cost-
prohibitive or impractical, coatings can be tailored to impart specific surface properties while
preserving the underlying substrate[3].

Among thermal spray processes, the High-Velocity Oxy-Fuel (HVOF) technique has gained
prominence due to its ability to produce dense, adherent coatings with low oxide content
and excellent mechanical performance. This capability is particularly vital when applying
hardmetal coatings such as WC-Co and Cr;C,-NiCr, which provide excellent sliding and

abrasive wear resistance[4].

However, the use of materials such as cobalt (Co) and hexavalent chromium (Cré*)—
common in many traditional coating systems—raises health and environmental concerns.
Both substances are subject to strict regulation under the European Union’s REACH
framework due to their carcinogenic and toxic properties[5,6]. The industry is thus
increasingly driven to find safer and more sustainable alternatives.

In parallel, the European Commission has identified cobalt, tungsten, and other elements

used in hardmetal coatings as Critical Raw Materials (CRMs) due to their economic
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importance and high supply risk[7]. This has led to a concerted push toward minimizing the

reliance on these materials while maintaining or enhancing functional performance.

In this context, the development of High Entropy Alloys (HEAs)—a new class of materials
composed of multiple principal elements in near-equiatomic ratios—has emerged as a
promising strategy. HEAs exhibit exceptional mechanical, chemical, and thermal properties,
making them attractive candidates for next-generation protective coatings. When applied
using HVOF, these high-entropy hardmetal coatings show promise in surpassing traditional

systems in terms of both durability and resistance to harsh environments[8,9].

The study focused on the synthesis and evaluation of coatings produced from custom-
designed powders developed through High Energy Ball Milling (HEBM). These experimental
powders were tailored in collaboration with MBN Nanomaterialia (Carbonera, lItaly), a
company actively engaged in R&D for advanced powder materials. The powders underwent
comprehensive characterization using techniques such as laser diffraction for particle size
analysis, scanning electron microscopy (SEM) combined with energy-dispersive X-ray
spectroscopy (EDS) for morphological and compositional assessment, X-ray diffraction
(XRD) for phase identification, and simultaneous thermogravimetric and differential thermal

analysis (TG-DTA) to assess thermal stability.

Coatings were applied onto AISI 304 stainless steel substrates using a High Velocity Oxy-
Fuel (HVOF) system (Diamond Jet 2600 Hybrid). Three distinct sets of spraying parameters
(run 1, run 2, and run 3) were investigated by varying spray distance, powder feed rate, and

the oxygen-to-hydrogen fuel ratio.

Subsequent analysis was performed on the coatings to determine their microstructure,
phase composition, mechanical and tribological properties, and corrosion resistance.
Tribological behavior was assessed through pin-on-disk and steel-wheel abrasion tests,
while electrochemical polarization techniques were used to evaluate corrosion performance.
Conventional coatings composed of WC-CoCr and Cr3;C,-NiCr were used as reference
benchmarks.

The experimental compositions investigated included a High Entropy Alloy (HEA) system,
both in its pure form and reinforced with 60 vol% titanium carbide (TiC) as a hard phase.
These compositions were processed via HEBM and subsequently deposited using the
HVOF technique.
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Introduction

This chapter provides a comprehensive overview of metallic surface protection via surface
engineering, with a focus on the latest developments in thermally sprayed coatings for wear
and corrosion resistance. Particular emphasis is placed on High-Velocity Oxy-Fuel (HVOF)
and High-Velocity Air-Fuel (HVAF) technologies, which are the core deposition techniques
used in this thesis to produce hardmetal coatings. The role of tungsten and cobalt in these
coatings is discussed in light of their functional importance, supply risk within the European

Union, and growing concerns related to toxicity and environmental sustainability.

Surface Engineering

Surface engineering is a multidisciplinary field dedicated to enhancing the performance of
material surfaces and components. Its primary objectives include extending service life and
improving chemical, mechanical, and optical properties, all while maintaining economic
feasibility and environmental sustainability[10]. Across nearly all industrial sectors,
components are routinely subjected to harsh chemical, mechanical, or thermal conditions.
These aggressive environments inevitably lead to material degradation, often described as
the gradual loss of performance in an engineered system. Even minor material loss due to
wear can compromise the functionality or reliability of a component. Corrosion, which results
from electrochemical reactions that dissolve or oxidize metal surfaces, can initiate pits or

cracks and ultimately lead to structural failure[11,12].

The interaction between wear and corrosion frequently accelerates the rate of degradation,
substantially shortening the service life of components. Research indicates that abrasive
wear alone is responsible for nearly half of all industrial wear-related problems[1]. Moreover,
the combined effects of wear and corrosion contribute to economic losses totaling hundreds
of billions of euros each year[13]. To counter these issues, modern engineering relies heavily
on surface protection techniques. These may involve altering the surface itself through
integral coatings or applying a separate protective layer, known as a discrete coating, to

safeguard the component against environmental damage.

14



lon implantation
..
PVD
..
VD
E———————ry
Electrolytic plating

——e—— e

Electroless plating
L ]

Hot dipping (galv.jalum.}

Laser surface alloying
« =

Transformation hardening
e

Mechanical working

Nitriding
_—
Carbonitriding
e &
Carburizing
L
Thermal spraying
_—
Friction surfacing
L
Weld overlays
e

10-* 104 103 102 10t 107 10 1b’
Thickness (mm)

Figure 1: Modified Thickness Ranges by Surface Engineering Techniques.

Selecting an appropriate surface treatment requires careful consideration of several
interrelated factors, including the intended application and service conditions, the nature and
geometry of the substrate material, and any relevant environmental constraints. Additionally,
the choice must account for the coating’s composition and thickness, as well as the desired
mechanical and chemical performance. Among the many available technologies, thermal
spray processes are particularly notable for their versatility and scalability. These methods
offer the capability to deposit coatings ranging in thickness from just a few micrometers to

several millimeters, making them highly adaptable to a wide array of industrial needs.

Thermal spray methods are widely adopted in sectors such as energy, aerospace,
transportation, and manufacturing. Applications include ball valves, turbine blades, shafts,
and forming rolls, where wear or corrosion resistance is critical (Figure 2). These methods
allow for high deposition rates and a wide choice of feedstock materials including metals,

ceramics, and composites.

FAN LOW PRESSURE
COMPRESOR

HIGH PRESSURE COMBUSTOR TURBINE

Figure 2: Industrial applications of thermal spray[14].
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1. Overview of Thermal Spray Techniques

Thermal spray technologies encompass a range of processes used to deposit protective
coatings by propelling finely divided material, typically in powder or wire form, onto
substrates. These coatings are engineered to enhance surface properties such as wear
resistance, corrosion protection, and thermal insulation without altering the bulk
characteristics of the underlying component. Each thermal spray method operates under
specific conditions of temperature and particle velocity, which fundamentally influence the

microstructure, adhesion, and overall performance of the resulting coating[3,15].

Combustion Flame Roughened for —ﬂ,\
or Electrical Power mechanical adhesion| |
Spl:ﬁy l Feedstock
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./ S Prepared
¢ .’ Spray plume | | surface

7
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operating media . )
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Impact: for S
mechanical adhesion Impact.& solidification
of particles

Figure 3: Diagram of a thermal spray process: hot, fast-moving gas melts the powder, which hits the surface and forms a
coating[16].

Among the earliest and simplest methods is flame spraying, which involves melting the
feedstock material in an oxy-fuel flame and using compressed air to project it toward the
target surface. Although relatively low in cost and easy to operate, flame spraying generally
produces coatings with higher porosity and weaker adhesion, limiting its use to basic anti-
corrosion applications[3].

Atmospheric plasma spraying (APS) employs an electric arc to generate a high-temperature
plasma jet capable of melting a wide variety of materials, including ceramics and refractory
compounds. While APS can achieve coatings with good thickness and coverage, oxidation

and relatively high porosity remain concerns due to the exposure to ambient atmosphere
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during spraying[15]. These drawbacks are mitigated in vacuum plasma spraying (VPS) or
low-pressure plasma spraying (LPPS), where the process takes place in a controlled, low-
pressure environment. These techniques yield dense, oxidation-free coatings suitable for
demanding aerospace and biomedical applications but come at significantly higher
operational costs[3].

Electric arc wire spray, which uses an electric arc to melt two converging wires and propels
the molten droplets using compressed gas, provides a high deposition rate and is widely
adopted for protective metallic coatings on large steel structures. However, it is limited to
electrically conductive materials and often results in rougher, less dense coatings compared

to powder-based methods[15].

Among the most widely adopted advanced techniques is High-Velocity Oxy-Fuel (HVOF)
spraying. In this process, combustion of oxygen with a hydrocarbon fuel generates a
supersonic gas jet that accelerates powder particles toward the substrate at velocities
exceeding 500 m/s. The relatively moderate particle temperature, typically not far to the
melting point of many feedstocks, combined with extremely high kinetic energy, leads to the
formation of dense, well-adhered coatings with low porosity and limited oxidation. HVOF is
particularly effective for depositing hardmetal coatings such as WC-Co and Cr;C,-NiCr,
which are extensively used in aerospace, power generation, and heavy machinery

applications where both wear and corrosion resistance are critical[3,15].

A closely related and increasingly preferred alternative is High-Velocity Air Fuel (HVAF)
spraying. Like HVOF, HVAF uses a combustion-driven jet to propel particles at high
velocities, but it substitutes air for oxygen and operates at lower combustion temperatures—
typically in the range of 1,900-2,100°C. This reduction in thermal load significantly
minimizes oxidation and phase degradation of sensitive materials like tungsten carbides,
while still achieving particle velocities comparable to or even exceeding those in HVOF.
HVAF coatings thus often exhibit superior hardness, toughness, and long-term stability in
aggressive environments, with lower operational costs and improved environmental safety
[17,18].

In contrast to both HYOF and HVAF, Cold Spray operates in a completely solid-state regime.
Particles are not melted but rather accelerated to very high velocities (up to 1,200 m/s) using
a high-pressure, high-velocity stream of compressed gas, typically helium or nitrogen. Upon
impact, severe plastic deformation results in bonding through solid-state mechanisms. The
key advantage of cold spray lies in its low operating temperature, generally below 500 °C,

which prevents oxidation, phase transformations, and thermal stresses. This makes it ideal
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for oxygen-sensitive materials and repair applications involving lightweight alloys, titanium,
copper, and even some polymers. However, the process is largely limited to ductile materials
and requires substantial gas consumption[19,20].

A consolidated comparison of the main thermal spray processes, including their typical
particle velocities and temperatures, is shown below to highlight the relationship between

processing parameters and the nature of coatings produced.

Table 1: Velocity and temperature of the main used thermal spray processes[3,11,19].

Process Particle Velocity (m/s) Particle Temperature (°C)

Flame Spray 50-100 2,500-3,000
Arc Wire Spray 100-150 ~4,000 (local arc)
APS 200-500 Up to 15,000 (plasma core)
VPS/LPPS 300-600 Similar to APS
HVOF 500-900 2,500-3,000
HVAF 800-1,000+ 1,900-2,100
Cold Spray 300-1,200 <500

This comparison underscores why techniques like HVOF, HVAF, and Cold Spray are of
industrial relevance: they offer precise control over coating properties, low oxide content,
and high mechanical integrity. Their role becomes even more strategic in contexts where
regulatory constraints increasingly limit the use of hazardous materials such as hexavalent
chromium (Cré*) and cobalt, and where there's a push to minimize reliance on critical raw
materials[21]. In this light, modern thermal spray technologies provide both a technological

and environmental pathway forward for next-generation manufacturing.
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1.1. HVOF

High-Velocity Oxy-Fuel (HVOF) spraying has become a reference process in the field of
thermal spray technologies, particularly when the application requires coatings with superior
mechanical strength, minimal oxidation, and extremely low porosity. HVOF operates through
the combustion of a fuel, such as propane, hydrogen, or kerosene, with pure oxygen in a
high-pressure combustion chamber. This reaction generates a stream of hot gases that is
accelerated through a de Laval nozzle to supersonic speeds. Feedstock powders, typically
metals, alloys, or cermets, are injected into this high-velocity flow, gaining momentum and
thermal energy before impacting the target substrate. Unlike other high-temperature spray
processes, HVOF relies predominantly on kinetic energy rather than heat to achieve
bonding. The particles generally are in a molten semi-molten or even solid state upon
impact, which helps to preserve the original material phases and enhances coating integrity
through plastic deformation and mechanical interlocking[3, 22, 23].

The principal advantage of HVOF lies in its capacity to produce dense, tightly bonded
coatings with porosity values commonly below 1% and bond strengths often exceeding 70
MPa. These characteristics are essential for components exposed to high mechanical loads,
abrasive environments, or corrosive media. The low thermal exposure also significantly
limits the formation of oxide inclusions or deleterious secondary phases, a particularly
important factor when spraying oxygen-sensitive feedstocks like tungsten carbide. The
resulting microstructure is typically lamellar, with minimal interlamellar gaps and high
homogeneity, which translates directly into enhanced wear resistance, corrosion protection,
and thermal stability[3, 24].

A wide range of feedstock materials can be used in HVOF spraying, allowing tailored
solutions for specific industrial needs. Tungsten carbide-based systems, such as WC-Co
and WC-CoCr, are among the most widely adopted. WC-12Co and WC-17Co compositions
offer high hardness and erosion resistance and are extensively used in oil and gas, mining,
and aerospace applications[25]. The addition of chromium to the binder phase, as in WC-
CoCr, enhances corrosion resistance without sacrificing toughness. Another common class
of feedstock is chromium carbide-based systems, particularly Cr;C,-NiCr, which are
preferred for high-temperature oxidation and corrosion environments, including turbine
components and heat exchangers. Nickel-based superalloys, such as Inconel 625 and
Hastelloy, provide oxidation and sulfidation resistance at elevated temperatures, while
stainless steel powders (e.g., 316L, AISI 304) are often used for chemical and marine
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applications [20, 26]. Iron-based materials and self-fluxing Ni-Cr-B-Si alloys also find use in
wear-resistant coatings, especially when post-fusing is possible[27].

Gas Fuel HVOF Gun

Compressed Air Spray Deposit
; - ' Spray Stream

Compressed Air
Substrate

Figure 4: General Schematic of a gaseous-fuelled HVOF gun[28].

The morphology and mechanical characteristics of HYOF and HVAF coatings have been
extensively documented. Coatings composed of WC-based cermets typically reach
hardness levels exceeding 1,200 HV, which makes them suitable for highly abrasive
conditions. Chromium carbide coatings, while slightly less hard, offer superior performance
at high temperatures due to better chemical stability. As shown in Figure y, the microstructure
of an HVAF-sprayed WC-Co coating is dense, with a nearly pore-free appearance and
uniformly distributed hard phases[28, 24]. These attributes translate directly into extended

service life for coated components, reduced maintenance intervals, and lower total lifecycle

costs.

A

TM3000_0079 2022-05-19 11:02 N 100 um TM3000_0081 2022-05-19 1110 N . 10 um
Figure 5: SEM image of a WC-Co HVAF coating showing dense structure and minimal porosity[29].
Careful control of process parameters is essential to achieving optimal coating quality.
Variables such as the fuel-to-oxygen ratio, combustion pressure, particle injection method,
standoff distance, and powder feed rate must be finely tuned. Even slight deviations in gas
flow rate or flame geometry can significantly affect particle velocity and temperature, thereby

influencing coating adhesion, hardness, and surface roughness. Additionally, the choice of
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powder morphology, angular versus spherical, agglomerated versus monolithic, can affect

the deposition efficiency and splat morphology[30].

HVOF's industrial success is also linked to its adaptability. It can be used to coat complex
geometries, internal surfaces, or localized areas, thanks to developments in robotic torch
manipulation and in situ diagnostic systems. In sectors such as aerospace, power
generation, and hydraulic systems, HVOF coatings are now considered the standard
solution for replacing environmentally hazardous plating methods such as hexavalent
chromium, aligning with current European and international regulatory frameworks on critical

raw materials and toxic substances[21].

In conclusion, HVOF spraying represents one of the most reliable and versatile technologies
available for the production of high-performance coatings. Its ability to combine high
deposition velocity with controlled thermal input makes it uniquely suited for applications
demanding both mechanical and chemical durability. By leveraging advanced feedstock
materials and increasingly precise process control, HVOF has established itself as an
indispensable tool in modern surface engineering for critical components across multiple

industries.

1.1.1. Feedstock Materials for HVOF Spraying

The selection of feedstock is paramount in achieving HVOF coatings with tailored
performance and reliability. Traditional powder feedstocks typically produced via
agglomeration, atomization, or spray-drying remain predominant, offering particle sizes from
5 to 45um. Spherical and agglomerated powders deliver consistent flowability and
controlled in-flight behaviour, while nanostructured powders enable microstructural
refinement and enhanced hardness, provided that feeding mechanisms are optimized to
avoid clogging and backflow[30-32]. Recent studies on WC—-Co powders confirm that
feedstock morphology significantly influences decarburization resistance and coating
cohesion[34].

For ultrafine coatings, suspension feedstocks, where nanoparticles are dispersed in liquid
media, have been adapted to HVOF torch systems. While more common in suspension
flame or plasma spraying, these systems have demonstrated the capacity to produce
homogeneous, thin (<50 um) depositions with controlled porosity. Challenges such as liquid
evaporation and spray stability require careful tailoring of torch design and spray

parameters[34, 35].
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A groundbreaking evolution is found in polymer—ceramic filament feedstocks, developed by
Sauter and collaborators[37]. These filaments, produced by extruding powders bound within
a polymer matrix, are fed continuously into modified HVOF torches such as TopGun
systems. During spraying, the polymer burns away, and ceramic or metallic particles form a
dense, lamellar structure. Sauter’s foundational work explores binder composition, filament
tensile strength, and burnout behaviour, showing that filament-fed HVOF achieves coatings
comparable to suspension-fed systems but with enhanced feed consistency [37]. Moreover,
the comprehensive comparison by[38] between APS, suspension HVOF, and filament HVOF
for nichrome coatings revealed that filament-fed HVOF strikes an optimal balance,
producing coatings with moderate oxidation (42-54 vol %), superior microstructure, and
thermal stability up to 700 °C, outperforming atmospheric plasma sprayed variants under
the majority of test conditions.

Although wire and conventional filament feedstocks are uncommon in standard HVOF due
to incompatibility with supersonic powder feeds, experimental prototypes utilizing cored-wire
injection or hybrid torch designs have been explored[39]. These aim to combine the
deposition efficiency of wire-based methods with the high kinetic energy of HVOF, though
they remain primarily in research stages.

The interplay of feedstock properties: morphology, size distribution, binder system, and
material composition; directly affects deposition efficiency, oxidation propensity, and final
coating characteristics. Nanostructured powders and suspension systems promise high-
performance coatings but demand precise spray control, while filament systems pioneered
by Sauter offer a scalable pathway to finely structured coatings with industrial feed reliability.
Continued development of these technologies will further expand the versatility of HVOF in

advanced surface engineering applications.

1.1.2. Powder Feedstocks for HVOF Spraying

Among the various forms of feedstock applicable to thermal spray processes, powders
represent the most mature and widely used category in High-Velocity Oxy-Fuel (HVOF)
spraying. Their morphological, structural, and chemical characteristics have a decisive
influence on coating quality, determining critical aspects such as flowability, deposition
efficiency, porosity, hardness, phase retention, and oxidation behaviour during spraying.
Several technologies are currently available for the production of powders tailored to HVOF,
each offering specific advantages depending on the material system and final
application[34], [40]-[43].
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Table 2: Comparative Summary of Powder Production Methods for HYOF Feedstocks
Production Typical

Method Morphology Materials Advantages Limitations Reference
Gas Eﬁf:;‘t)ellllli ; low Costly setup;
o . Spherical Metals, alloys oy .y, limited to [44], [45]
Atomization oxidation; fine .
) metallic systems
microstructure
Homogeneous
phase Requires spray
Agglomeration Rounded Hardmetals distribution; drying +
. . (WC—Co, . e [46], [47]
& Sintering agglomerates . tailored sintering; risk of
CI‘3C2—N1CI’) . . .
composite decarburization
design
Poor flowability;
Fused and Ancular/irreeular Oxide ceramics Simple; low-  high surface [35], [46],
Crushed & EWAT (ALOs, Cr205)  cost oxidation; [48], [49]
inconsistent size
HEBM (High- ' Cermets, Umforrp p.hase High o
Energy Ball Irregula.r, dense hardmet.al d'1sper.510n, no cpntamlnatlon [44], [50],
Milling) composite composites sintering risk; low [51]
& (WC-Ni) required productivity
Formation of Similar to
Mechanical Non-equilibrium | . ctable HEBM;
. Similar to HEBM alloys; sensitive to [48], [50]
Alloying .. phases; fine
nanocomposites . process
microstructure
parameters
. Precursor for Controlled Nota standalpne
Spray Drying process; requires

Porous granules agglomerated  granule size and [40], [46]

; t-sinteri
powders binder content bo>: S ICTNg

for HVOF

(pre-sintering)

Gas atomization is one of the most common and industrially scalable methods for producing
metallic and alloy powders for HVOF. It consists in disintegrating a molten stream of metal
using a high-pressure gas jet (typically argon or nitrogen), leading to rapid solidification and
the formation of spherical or near-spherical particles. This morphology guarantees excellent
flowability and minimizes clogging during feeding, making gas-atomized powders ideal for
dense metallic coatings. Furthermore, the rapid solidification promotes homogeneous
microstructures with fine grain sizes and low oxygen content[44], [45].
For composite or ceramic-based systems—such as WC-Co, Cr;C,—NiCr, or TIiC-Ni—the
most widely used production method is agglomeration and sintering. In this two-step
process, fine powders are first agglomerated via spray drying into porous granules, and then
thermally sintered to consolidate their structure. The resulting agglomerates are typically
spherical or rounded and exhibit good flowability. This method allows a homogeneous
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distribution of the hard phase within the binder and precise control over phase ratios.
Agglomerated and sintered powders are particularly suitable for HVOF because they
balance sprayability with mechanical integrity, ensuring adequate in-flight behaviour and
microstructural cohesion in the coating[46], [47].

A more traditional method, often used for oxide ceramics, is the fused-and-crushed route.
This process involves melting the material in an electric arc furnace, rapidly solidifying it,
and then crushing the solid mass into particles of the desired size. While it is relatively cost-
effective, the method generally produces angular and irregular particles with lower flowability
and higher surface oxidation. Consequently, fused and crushed powders are less ideal for
HVOF than for plasma spraying, where higher thermal energy can compensate for particle
irregularity[35].

In systems where the metallic binder does not adequately wet the ceramic reinforcement,
or where sintering fails to produce cohesive structures, High-Energy Ball Milling (HEBM)
provides a solid-state alternative. This mechanical alloying technique uses high-speed
milling to induce repeated fracturing and cold welding of powder particles. The result is a
fine, homogeneous microstructure in which each particle contains the target composition.
HEBM is particularly effective for composite materials such as WC—Ni or Fe-based cermets,
where traditional sintering may lead to poor phase dispersion or segregation. Moreover, the
mechanically deformed microstructure of HEBM powders enhances their reactivity and
cohesion during spraying[50], [51].

Closely related to HEBM is mechanical alloying, which refers more broadly to solid-state
reactions between dissimilar powders. It is often used to prepare non-equilibrium or
metastable phases, including supersaturated solid solutions, amorphous alloys, and
nanocomposites. The structural refinement achieved through mechanical alloying promotes
improved hardness and thermal stability in the resulting coatings, though care must be taken
to control contamination and excessive cold welding[50], [52].

Finally, spray drying is commonly employed as a precursor step for agglomerated-sintered
feedstocks. It allows the formation of spherical granules from a slurry of particles dispersed
in a liquid medium. The morphology, density, and internal porosity of spray-dried granules
can be tailored by adjusting the drying rate, binder content, and solid loading. Although
spray-dried powders require further sintering to be fully consolidated for HVOF, they provide
an essential route for the pre-conditioning of feedstock mixtures, especially in multi-phase

systems[40].
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In conclusion, powder feedstocks for HVOF spraying are produced via a variety of methods,
each tailored to the material chemistry and the intended coating function. Gas atomization
offers high purity and flowability for metallic powders; agglomeration and sintering provide
structured granules for hardmetal systems; fused-and-crushed methods serve ceramic
needs; and high-energy mechanical techniques like HEBM enable innovative composite
formulations. The continuous refinement of these technologies ensures the production of
feedstocks that meet the increasingly stringent performance requirements of HVOF coatings

across industrial sectors.

1.1.3. High-Energy Ball Milling for HVOF Powder Feedstocks

High-Energy Ball Milling (HEBM) is a solid-state powder processing technique increasingly
employed in the development of composite feedstocks for HVOF spraying. Unlike
conventional methods such as gas atomization or agglomeration—sintering, HEBM enables
the formation of refined microstructures through repeated fracturing, cold welding, and
mechanical alloying of particles under high-energy impacts. This process promotes a
uniform dispersion of reinforcement phases within metallic matrices, stabilizes non-
equilibrium structures, and reduces particle size, often into the submicron range. Particularly
in systems where wetting between binder and hard phases is poor, HEBM proves
advantageous by eliminating the need for liquid-phase sintering. The resulting powders
exhibit improved chemical homogeneity, enhanced densification behaviour during spraying,
and better resistance to in-flight phase degradation. For example, Pougoum et al. [51]
reported that Fe;Al-based powders reinforced with BN and prepared via HEBM produced
HVOF coatings with up to tenfold improvement in wear resistance and significantly
increased hardness compared to non-milled counterparts. These improvements are
attributed to the refined grain structure and intimate bonding between phases introduced
during the milling process. Consequently, HEBM stands as a versatile and scalable method
for producing tailored powder feedstocks suitable for high-performance HVOF coatings in

structural and wear-critical applications[50].
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1.2. Wear and Corrosion Protection of Mechanical
Components by Thermal Spray Coatings

The application of protective coatings remains one of the most widespread and effective
strategies for improving the wear and corrosion resistance of mechanical components and
tools. Today, thermal spray technologies continue to be widely adopted due to their relatively
low cost, broad thickness range (from tens to hundreds of microns), and flexibility in coating
complex geometries. These features have made thermal spray indispensable across various

sectors, including aerospace, energy, advanced manufacturing, and electric mobility.

The key requirements for an effective protective coating include low porosity, strong
adhesion to the substrate, and thermal compatibility between the coating and the substrate.
Excessive mismatch in thermal expansion coefficients can lead to residual stresses that may
cause coating delamination[53]. Therefore, selecting the appropriate coating material and
deposition process (e.g., HVOF, HVAF, APS, Cold Spray) is critical to ensuring optimal
performance[54], [55]. Emerging technologies and materials are on developing in the field
of thermal spray such as: Suspension Plasma Spray (SPS), High-Entropy Alloy (HEA)
spraying, and Solution Precursor Plasma Spray (SPPS). All of these are further expanding
the application potential, enabling the deposition of nanostructured and multi-component
coatings[56], [57].

In recent years, hybrid approaches combining thermal spray with additive manufacturing
have also gained attention for the repair and customization of high-value components[58].
The integration of machine learning and real-time diagnostics into process control further
improves reproducibility, quality, and the ability to tailor microstructures for specific
applications[59]. These advancements are aligned with the broader goals of the Fourth
Industrial Revolution, enabling intelligent manufacturing processes and highly engineered

surfaces.

Thermal spray coatings are now increasingly being developed for multifunctional
performance. In addition to wear and corrosion resistance, new formulations are targeting
thermal insulation, electrical conductivity, bioactivity, or anti-fouling properties. This
multifunctionality is particularly valuable in advanced applications such as biomedical
implants, high-efficiency turbines, and hydrogen economy components. For instance,
coatings with controlled porosity and tailored composition are being explored for solid oxide

fuel cells and hydrogen separators.
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Furthermore, the sustainability aspect of surface engineering is gaining growing importance.
Thermal spray processes, when properly optimized, contribute to the extension of service
life, reduction of raw material usage, and component remanufacturing. This makes them

attractive within the context of circular economy and green manufacturing initiatives.

1.2.1. Conventional Compositions

The most common thermal spray materials used for abrasion, sliding, and corrosion
protection include:

Hardmetals, such as WC- or CrzCz-based systems with Co, Ni, or NiCr/CoCr binders[55],
provide an excellent combination of ceramic hardness and metal toughness, making them

highly effective in abrasive and impact environments;

Ceramic oxides, including Al203, TiOz2, and Cr20s, are typically applied using APS and widely
used across high-temperature applications. However, due to their porous and microcracked
structures, these coatings often require sealing with polymeric resins to achieve effective
corrosion protection[3], [60].

Metallic corrosion- and wear-resistant alloys, such as Inconel 625[61], [62], Hastelloy [63],
and Stellite[64], are employed in highly corrosive environments. Superalloys like MCrAlY
are still used in niche applications such as thermal barrier coatings due to their high-

temperature oxidation resistance[65].

Hardmetal coatings offer the best performance in demanding environments due to their low
porosity (especially when applied using HVOF or HVAF) and the synergistic effect between
hard ceramic phases and the metallic matrix. Their main corrosion resistance limitation lies
in potential galvanic coupling between the more noble ceramic phase and the metallic
binder. In oxidizing conditions, Cr3C2-NiCr-based coatings demonstrate superior thermal
stability up to 850 °C[66], whereas WC-Co-based systems are typically limited to around
500 °C.

1.2.2. WC-Based Compositions

Currently, as evidenced by both the scientific literature and industrial trends, the most
effective and widely adopted hardmetal coating systems remain those based on WC-Co.
These systems provide exceptional performance in wear and erosion resistance, with the
exception of applications exceeding 450-500 °C, beyond which WC begins to oxidize

rapidly. Feedstock powders are produced by agglomeration and sintering of WC with
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metallic binders such as Co or Ni. Coating quality is strongly influenced by the pre-spray
heat treatment and the internal cohesion of the powder particles[23], [66].

Cobalt remains the preferred binder due to its excellent wettability and compatibility with
WCI[67], although Ni-based binders offer better corrosion resistance at the expense of
hardness[68]. The addition of chromium (as in WC-10Co04Cr) significantly enhances
electrochemical corrosion resistance[69], [70] through the formation of stable passive films
and corrosion-resistant n-phases[23], [71].

During spraying, careful control of parameters is crucial to minimize WC dissolution and
decarburization, which can lead to the formation of brittle phases such as W2C, W, and
CoxWyC;[72]-[74]. Microstructural evolution depends on the spraying technique: HVOF,
despite its lower temperature compared to APS, can still cause some decarburization,
whereas HVAF, with even lower flame temperatures and oxygen content, minimizes this
effect[75].

The influence of the use of nanostructured WC particle size remains a topic of debate: some
studies report beneficial effects[76], others detrimental[77], and some indicate negligible
influence[34], [78]. Finer WC particles may increase wear and corrosion resistance but also

enhance reactivity, thereby raising the risk of decarburization.

Advances in powder engineering, such as the use of spherical, nanostructured, or core-shell
feedstocks, are now being explored to improve deposition efficiency, reduce
decarburization, and optimize coating architecture. These engineered powders, combined
with Al-driven process optimization, are pushing the boundaries of performance in critical
sectors such as aerospace engines, oil and gas pipelines, and next-generation electric
vehicles.

In conclusion, the continuous evolution in spray technologies (HVAF, SPS, SPPS, Cold
Spray), advanced feedstocks, and real-time process control (including Al and diagnostics)
is significantly expanding the capabilities of thermal spray coatings. These coatings are
becoming key enablers in the ongoing industrial transition toward energy efficiency,

durability, and sustainability for the next decade and beyond.
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1.3. Critical

Substances

Raw Materials

(CRM)

and Carcinogenic

Concerns regarding the supply, economic volatility, and health impacts of tungsten (W) and

cobalt (Co) have intensified over the past decade.

Since 2011, the European Commission has regularly updated its list of Critical Raw Materials

(CRMs), identifying elements with high economic importance and significant supply risk.

Both tungsten and cobalt have appeared in all updates, and they continue to appear on the

latest (2023) CRM list due to:

Economic Importance (El), tied to market instability and high price volatility. For example,

Figure 6 illustrates extreme fluctuations in cobalt pricing from 2002 to 2020[79].

Supply Risk (SR), stemming from geopolitical concentration and resource accessibility,

especially in conflict-affected or high-risk areas[7], [80].

A

90

80

70

\
[
\

60

50

40

30

20

10

02 03 04 05 06 07 08 09

10

11 12

Years

13

14

15

16

17

18

19

Cobalt Price (x1000 USD/t)

Figure 6: — Cobalt price evolution from 2000 to 2020 [79], [81].
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Figure 7: Criticality assessment based on El and SR by the European Commission, 2023[82].

In Figure 7, materials positioned in the “critical zone” (El = 2.8, SR = 1) are denoted in red.
Both cobalt and tungsten meet these criteria. Furthermore, the sourcing of tungsten must
comply with EU Regulation 2017/821, which mandates supply chain due diligence for
imports from high-risk regions[80].

In addition to resource-related concerns, health and safety risks associated with cobalt have
garnered attention. Cobalt and cobalt-based compounds, including metallic cobalt, salts,
oxides, and hardmetals, are now classified as carcinogenic and mutagenic[83], [84].
Inhalation of cobalt powders is linked to acute and chronic respiratory diseases, including
asthma, pulmonary fibrosis, and even lung cancer[85], [86]. Moreover, skin and eye irritation
are common upon contact with cobalt powders[87]. As a result, cobalt has been officially
classified by the European Chemicals Agency (ECHA) as a Category 1B carcinogen and

mutagen[88].

In response, the EU is pursuing strategies focused on:

. Enhancing recycling efficiency (while recognizing that 100% CRM recovery is

unachievable).
. Promoting substitution with more abundant or less hazardous materials.

. Encouraging innovation in secondary raw material processing.
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These policies aim not only to secure resource independence but also to improve
environmental and occupational safety, particularly in sectors such as thermal spraying,

where powder handling and high-energy deposition processes are common.

1.3.1. Alternative Solutions to WC-Co-Based Coatings

Replacing WC-Co systems is a significant challenge due to their superior wear resistance
and well-established industrial performance. Substitutes must offer a balanced compromise
between mechanical performance, thermal stability, cost, and environmental safety. The
most widely adopted CRM-free alternative is the Cr;C,—NiCr system, typically deposited via
HVOF or HVAF. It is particularly suited for high-temperature wear applications due to better
oxidation resistance and better thermal expansion compatibility with steel substrates[89],
[90].

In a systematic comparison study[91], Cr;C,—NiCr coatings outperformed traditional metallic
alloys and hard chrome at room temperature. However, under abrasive, erosive, or sliding
wear conditions, WC-Co coatings still exhibited superior performance. Pure ceramic
alternatives (e.g., Al,O3, TiO,, Cr,03) remain limited by inherent brittleness and porosity [82].
Recent research into ternary ceramic systems such as Al,0;—Cr,0;—TiO, has demonstrated
improvements in wear resistance by tailoring oxide ratios—TiOx reduces porosity, while

Cr,0; enhances wear resistance[92].

To guide further research, the following categorization outlines the primary strategies under

investigation:

WC-FeCrAl: Iron acts as a WC grain growth inhibitor and improves hardness through carbon

affinity during sintering. However, poor corrosion resistance limits broader use[93].

WC-Ni and WC-NiCr: Both commercial and experimental variants are being evaluated.
While they offer CRM reduction, they fall short of WC-CoCr in wear resistance[94], [95].

WC—-Cr«Cy—Ni: Chromium carbides stabilize WC during spraying and enhance high-
temperature oxidation resistance. HVOF and APS methods have shown improved
tribological performance, particularly above 500 °C, though overall wear resistance remains
inferior to WC-CoCr[96]-[98].

(Ti,Mo)(C,N)-Ni(Co): TiC-based systems offer high hardness, chemical stability, and lower
density than WC, allowing potential economic advantages (lower powder mass for equal

surface coverage). Mo enhances wettability; N facilitates grain refinement. Wear resistance
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is intermediate between Cr;C,—NiCr and WC-Co, though brittleness remains a limiting
factor[91], [99].

SiC-Ti and SiC-TiCr cermets: These compositions, processed via high-energy ball milling
(HEBM), show competitive wear resistance at 400 °C. The in-situ formation of oxides
enhances toughness and pore sealing[100].

TiC—FeCrAl (25 vol.% FeCrAl): Developed using HEBM, TiC is formed from Ti and graphite.
FeCrAl is CRM-free, has low toxicity, and offers moderate corrosion resistance. At room
temperature, wear performance surpasses Cr;C,—NiCr but remains below WC-CoCr.
However, brittleness due to oxidation during cooling and poor corrosion resistance of FeCrAl
(compared to NiCr or CoCr alloys) limit broader adoption[101].

The substitution of WC-Co coatings remains a technically complex and multidisciplinary
challenge, requiring coordinated advancements in material science, process optimization,
and environmental regulation. Although Cr;C,—NiCr and TiC-based systems represent
promising directions, trade-offs in wear resistance, corrosion behavior, and mechanical
properties must still be addressed. Future developments should prioritize CRM-free, non-
toxic, and high-performance materials, with particular attention to recyclability and

occupational safety within thermal spray environments.
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1.4. High-entropy alloys

High-entropy alloys (HEAs), often called multi-principal element alloys (MPEAs), emerged
in the early 2000s with the parallel proposals by Yeh et al. and Cantor et al., who
independently argued for exploring the central, previously neglected region of the
multicomponent alloy composition space[102], [103]. The intellectual thrust behind the
concept was not merely to mix many elements, but to interrogate how high configurational
disorder modifies the thermodynamics, defect landscapes, diffusion kinetics and ultimately

the macroscopic properties of metallic solids.

1.4.1. Definition

HEAs are most commonly defined by composition: alloys that contain five or more principal
elements, each present in the range of roughly 5-35 at.%[102]. Minor additions are
permitted to tune properties, but the defining characteristic is the absence of a single
dominant element and the presence of high configurational complexity[104]. Despite this
compositional complexity, a striking experimental observation is that many HEAs crystallize
as simple substitutional solid solutions with face-centered cubic (FCC) or body-centered
cubic (BCC) lattices rather than as large families of ordered intermetallic phases [28]. The
standard thermodynamic explanation attributes this tendency to the effect of configurational
entropy at near-equiatomic compositions: the entropy term can become large enough to
compensate enthalpic preferences for ordered compounds in the Gibbs free energy of

mixing, making substitutional solid solutions competitive or even preferred.

Thermodynamically, the relevant condition is the minimization of the molar Gibbs free energy

of mixing:

AGmix = AHmix — TASmix 1

where AHmix is the enthalpy of mixing, T the absolute temperature and ASmix the total
entropy of mixing. The entropy of mixing contains several physically distinct contributions:
configurational, vibrational, magnetic and electronic randomness; but the configurational
term generally dominates for substitutional alloys and is therefore the customary proxy for
ASmix in HEA discussions[105]. Invoking Boltzmann’s combinatorial formulation, the

configurational entropy per mole for an n n-component solid solution can be written as
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ASconf = kinw 2

which, for ideal substitutional mixing, reduces to the familiar Gibbs expression

n

ASconf:—RZXill’lXi 3
i=1

with R, the gas constant and X: the mole fraction of element i. For an equiatomic alloy (Xi=1/n

for all i) the expression simplifies to

ASconf = Rlnn 4

and thus increases monotonically with the number of components. The numerical values for
ASconf /R rapidly rise with n (Equation 1), so that, beyond a modest number of components,
the entropy contribution TAScont becomes competitive with typical formation enthalpies of
ordered compounds and can alter phase stability even at relatively low temperatures[105].
Yeh et al. used such considerations to classify alloys qualitatively as low-, medium- or high-
entropy based on ASconf, with the high-entropy regime taken as AScons 2 1.5R[104]. While
this entropy-centric definition has proved useful as a heuristic, it must be employed with care
because it implicitly assumes random occupation of lattice sites and other questionable
assumptions. In practice, short-range order, clustering and phase separation reduce the
configurational entropy relative to the ideal value, and the relative importance of entropy
versus enthalpy depends strongly on temperature, strain energy and other contributions

omitted by a simplified treatment[106].

1.4.2. Core effects

Four “core effects” have been commonly used to rationalize the distinctive behaviour of
HEAs: the high-entropy effect, lattice distortion, sluggish diffusion and the so-called cocktail
effect. These labels are intended as conceptual handles rather than sharp physical laws;
each effect reflects an ensemble of microscopic phenomena whose relative importance
depends on chemistry, structure and processing[104].

The high-entropy effect refers to the observation that large configurational entropy lowers

the Gibbs free energy of disordered solid solutions relative to ordered intermetallics,
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especially at elevated temperatures where the —-TASmix term is large. A simplified
thermodynamic comparison highlights the point: while elemental phases have negligible
mixing enthalpies and entropies, intermetallic compounds typically have strongly negative
AHmix and low configurational entropy, and multicomponent solid solutions present
intermediate enthalpies but much larger ASmix. Consequently, for many combinations of
elements the free energy of a disordered solid solution can be competitive with, or lower
than, that of ordered compounds, and Miracle et al. estimated that configurational entropy
can destabilize a nontrivial fraction of intermetallics (order 5—10% at room temperature and
as much as 30-55% at 1500 K for some families)[105], [107]. The high-entropy effect
therefore should be read as a thermodynamic tendency whose quantitative impact depends

on the actual magnitudes of AHmix, ASmix and the temperature.

Lattice distortion in HEAs is a direct geometric consequence of placing atoms of different
radii and bonding characteristics on a common lattice. Because in a multicomponent solid
every atom has neighbours of multiple types, local bond lengths and local strain fields
fluctuate at the atomic scale; these distortions are often sufficiently strong to influence
mechanical strength (through solid-solution strengthening), electronic transport (via
enhanced electron scattering), thermal transport (phonon scattering) and diffraction
signatures (peak broadening and intensity reduction)[104], [108]-[111]. In extreme cases,
very large size mismatch or incompatible local bonding preferences can make a crystalline

lattice energetically unfavourable and lead to glass formation or amorphization.

The sluggish diffusion effect is an observed tendency for diffusion-controlled processes in
many HEAs to proceed more slowly than in simpler alloys. One mechanistic explanation is
that the lattice potential energy (LPE) landscape is highly heterogeneous: when an atom
attempts to jump between neighbouring sites it experiences variations in site energy and
jump barrier that are larger than in simpler alloys. Tsai et al. quantified this by comparing the
mean difference in potential energy between adjacent sites (MD) and showed that in some
HEAs the MD for a migrating atom can be substantially higher than in ternary alloys,
producing effective atomic traps and higher activation energies for long-range diffusion[112].
The practical consequence of sluggish diffusion is twofold: it suppresses coarsening and
phase separation (which can stabilise fine microstructures and metastable phases) and it
makes HEAs effective as diffusion barrier materials in applications where interdiffusion must
be minimized[102], [104], [113], [114].

The cocktail effect is a descriptive term emphasizing that the macroscopic properties of

HEAs cannot be predicted by simple rule-of-mixtures arguments alone. Interactions among
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constituent elements, emergent local environments, and the collective response of a highly
disordered lattice produce properties that are often non-linear, sometimes synergistic and
occasionally counterintuitive compared with the properties of the constituent elements taken
separately[105], [115]. Treating each phase in a HEA as an “atomic-scale composite” helps
to conceptualize how both average chemistry and fluctuations around that average

determine strength, ductility, corrosion resistance and other functional responses.

Recent reviews have highlighted that the so-called “four core effects” of HEAs — namely
the high-entropy effect, lattice distortion, sluggish diffusion, and the cocktail effect — should
be considered more as conceptual frameworks than universally valid physical laws[104]. For
instance, while the high-entropy effect can thermodynamically stabilise disordered solid
solutions at high temperatures, and lattice distortion can influence mechanical and transport
properties [104], [108]-[111], several studies have pointed out that the sluggish diffusion
effect is not universally observed across all HEAs. Experimental and computational
evidence suggests that diffusion rates do not systematically decrease with increasing alloy
complexity, and that factors such as local lattice mismatch and specific chemistry play a
more significant role than previously assumed [112]-[114]. Similarly, the cocktail effect,
which reflects the non-linear combination of elemental properties in HEAs [105], [115], is

recognized as a descriptive concept rather than a predictable rule.

More recent critical reviews reinforce this perspective. Miracle et al. examined the general
validity of the four core effects and highlighted their limitations, noting that the influence of
each effect strongly depends on chemistry, structure, and processing conditions[106].
Divinski et al. specifically questioned the “sluggish diffusion” effect, concluding that there is
currently no experimental evidence supporting its universal applicability in HEAs[116].
Dabrowa et al. provided an updated overview of diffusion studies in HEAs, confirming that
the effect is often overstated and highly composition dependent[117]. Finally, Odetola et al.
emphasized that thermodynamic and kinetic behaviours in HEAs do not always align with

the assumptions underlying the core effects, particularly in multi-component systems[118].

Considering these observations, it is advisable to treat the “core effects” as starting
hypotheses rather than proven governing laws: their actual influence is strongly dependent
on alloy chemistry, phase constitution, processing history, and measurement conditions.
This nuanced understanding helps frame the current work on HEA coatings, where
composition, microstructure, and processing must be carefully optimized to achieve the

desired mechanical and functional performance.
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1.4.3. Taxonomy

Experimental and computational surveys have shown that HEAs cover a wide chemical
space, but certain element classes appear recurrently. Miracle and Senkov’s compilation of
408 HEAs shows that Al, Co, Cr, Cu, Fe, Mn, Ni, Ti and V are among the most frequently
employed elements, a pattern that reflects both the availability of data for 3d transition
metals and the technological interest in these chemistries[106]. Accordingly, two broad

families are often discussed in the literature.

The most thoroughly studied family comprises HEAs formed predominantly from 3d
transition metals (for instance the well-known CoCrFeMnNi Cantor alloy). Because these
chemistries are conceptually close to conventional stainless steels and nickel-based
superalloys, much of the early mechanistic understanding and processing know-how could

be transferred and extended to the HEA context.

Refractory HEAs (RHEASs) are based on high-melting refractory elements such as Cr, Hf,
Mo, Nb, Re, Ta, V, W and Zr, frequently alloyed with small concentrations of Al, Co, Ni, Ti or
Si to tune phase stability and oxidation resistance. Introduced around 2010 by Senkov and
co-workers, RHEAs are of particular interest because they can retain strength to
temperatures where conventional nickel superalloys begin to soften, opening possibilities

for high-temperature structural applications[119], [120].

1.4.4. Thermally Sprayed High-Entropy Alloy Coatings

Thermally sprayed coatings based on high-entropy alloys (HEAs) have emerged as a
distinct and rapidly developing branch of surface engineering, bridging the compositional
flexibility of multicomponent alloys with the cost-effective capability of thermal spray to
deposit thick, functional layers. Since the first reports in the early 2000s and the first explicit
studies addressing sprayed HEA feedstock and coatings, interest has accelerated because
many HEA chemistries show combinations of high hardness, promising corrosion/oxidation
behaviour and thermal stability that are attractive for protective and tribological applications.
These advantages are realized only when the feeding powder, spray process, and post-
processing are coherently selected and optimized to preserve or exploit HEA mechanisms
(e.g., solid-solution formation, supersaturation, phase stability) under the extreme thermal

and kinetic histories encountered in thermal spraying[121], [122].

Feedstock production and selection are central to the success of thermally sprayed HEA

coatings because the powder’s phase constitution, particle morphology and size distribution
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determine how particles respond to the thermal plume or gas jet and thus which
microstructures are achieved on the substrate. Three practical routes dominate current
practice: gas atomization of pre-alloyed melts, mechanical alloying (MA) of elemental
powders followed by consolidation/heat treatment, and blending of elemental or pre-alloy
powders. Gas-atomized powders are typically spherical, chemically more homogeneous
and scalable for industrial spraying; they are therefore the preferred route when process
reproducibility and low porosity are required. Mechanical alloying produces finer, often
nanocrystalline powders that can be attractive for certain microstructural effects but may
suffer from irregular shapes and contamination if not carefully controlled. Blending is the
simplest and cheapest but carries the highest risk of compositional inhomogeneity unless
followed by appropriate thermal treatment. The literature consistently emphasizes gas
atomization as the leading feedstock route for industrially relevant HEA thermal spray work,
while noting that the final coating reflects a complex convolution of feedstock state and

process parameters[121], [123].

Different thermal-spray processes impart markedly different thermal and kinetic histories to
HEA particles and hence produce distinctive microstructures and property trade-offs.
Atmospheric plasma spray (APS) exposes particles to extremely high temperatures and
results in molten or partially molten droplets that form lamellar splats upon impact, but this
route also promotes oxidation and intersplat porosity. High-velocity oxy-fuel (HVOF) and
high-velocity air fuel (HVAF) produce higher particle velocities and lower in-flight dwell
temperatures compared with APS, yielding denser coatings with reduced oxide content and
typically higher as-applied hardness. Cold spray (CS) is a solid-state route: particles remain
below melting and adhere by severe plastic deformation. Cold-sprayed HEA coatings can
retain powder phases with minimal oxidation and low oxide inclusions, but bonding relies on
ductility and particle deformation, placing constraints on some HEA chemistries or requiring
process innovations (e.g., laser-assisted cold spray or warm spray variants). Detonation and
flame spraying have also been used in specific studies. Thus, process selection must be
driven by target properties: dense, low-oxide wear-resistant coatings are often best achieved
by HVOF/HVAF; oxidation-sensitive chemistries benefit from cold/warm spray; APS remains
useful for ceramic-rich or re-meltable systems and for subsequent laser remelting[121],
[124], [125].

The microstructure of thermally sprayed HEA coatings is shaped by rapid solidification, splat
formation, in-flight oxidation, and post-impact thermal diffusion. Typical as-sprayed
structures are lamellar with inter-splat boundaries, oxide stringers (particularly in APS), and
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discrete regions of compositional partitioning or nanoscale precipitates depending on
cooling rates and alloy chemistry. Rapid quenching during splat solidification often results in
supersaturated solid solutions and suppressed intermetallic formation relative to cast
material; subsequent heat exposure or annealing can drive precipitation and decomposition
toward the equilibrium phases. Importantly, identical HEA nominal chemistries prepared
from different powder routes or deposited by different spray techniques can yield
substantially different phase constitutions: spherical gas-atomized powders sprayed by
HVOF often produce homogeneous, dense BCC/FCC solid solutions, whereas MA powders
sprayed by APS can present micro-segregation and a higher oxide fraction. Understanding
and controlling these splat-scale phenomena is crucial to tuning hardness, toughness and
high-temperature stability[121], [123].

The mechanical and tribological performance of thermally sprayed HEA coatings is typically
superior to many conventional sprayed alloys, but performance depends strongly on
microstructural state. HVOF-deposited HEA coatings frequently report the highest as-
applied hardness owing to a dense, low-porosity lamellar structure and retained
supersaturation; however, hardness is not solely a function of density: solid-solution
strengthening, precipitation, and severe lattice distortion from multielement mixing all
contribute. APS coatings can show lower hardness and higher scatter because of residual
porosity and oxides, yet specific APS + post-laser or annealing sequences can restore or
even improve performance by homogenizing composition and reducing porosity. Cold spray
coatings may achieve good ductility and toughness with competitive wear resistance due to
work-hardening and refined grain structures induced by severe plastic deformation, but their
hardness can be lower than optimized HVOF counterparts unless post-treatments are
applied. Quantitative comparisons in the literature underline that HVOF gives the best
compromise for high hardness and low oxide fraction in many HEA systems, while CS excels

where preservation of oxygen-sensitive elements is critical[116], [119].

Corrosion and high-temperature oxidation behaviour in sprayed HEA coatings have been
investigated for several chemistries and processes; results are chemistry- and process-
dependent. APS coatings often incorporate oxides that influence the electrochemical
response, sometimes degrading the corrosion resistance versus bulk cast HEAs because
porosity and oxide heterogeneities act as sites for localized attack. A clear example is
FeCoNiCrAl APS coatings, where aluminium’s affinity for oxygen leads to Al-rich oxide
regions and associated localized corrosion patterns unless the process is tuned to minimize
oxidation. Conversely, HVOF-deposited HEA coatings designed with sufficient Al and Cr
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have demonstrated oxidation resistance comparable to or better than conventional MCrAlY
bond coats in some studies, and selected HEA compositions used as bond coats have
endured extended high-temperature oxidation and thermal cycling with promising results.
Cold-sprayed HEA layers, by limiting in-flight oxidation, can offer favourable
corrosion/oxidation resistance but may still require post-deposition treatments to close pores

and stabilize the microstructure for long-term high-temperature use[124], [126], [127].

A particularly active application area is the use of HEAs as metallic bond coats for thermal
barrier coating (TBC) systems. Compared with conventional MCrAlY bond coats, HEA bond
coat concepts aim to combine compositional flexibility (to favour the formation of continuous
a-Al,O3 / protective TGO layers and to slow detrimental interdiffusion) with enhanced
mechanical properties and phase stability at higher temperatures. Experimental work has
shown that properly designed HEA bond coats deposited by HVOF or APS can sustain long
isothermal exposures and hundreds of thermal cycles with no catastrophic failure, although
internal oxidation and TGO characteristics must be carefully studied and engineered. The
potential of HEA bond coats is therefore high, but practical adoption requires rigorous
qualification and understanding of TGO growth, CTE compatibility, and thermal cycling
behaviour[121], [126].

Despite encouraging results, several practical challenges impede straightforward industrial
deployment of thermally sprayed HEA coatings. First, powder production cost and
compositional control (especially for gas-atomized pre-alloyed powders containing
refractory or low-vapor-pressure elements) are very high. Second, oxidation during high-
temperature spray processes can alter intended chemistries and produce oxide defects; this
can be mitigated by using inert shrouds, reducing dwell times, selecting HVAF/HVOF or cold
spray, or by post-deposition laser re-melting and vacuum annealing. Third, achieving reliable
adhesion and low porosity with brittle or complex HEA chemistries is sometimes difficult;
process windows, substrate pre-treatment and grit-blast standards need to be optimized.
Finally, the multiplicity of alloying elements complicates the thermodynamic prediction of
phase formation during the non-equilibrium rapid solidification of splats, and CALPHAD-
assisted design combined with targeted experiments has been recommended to reduce
empirical trial-and-error. Overall, the key to overcoming these challenges lies in an
integrated approach that couples feedstock engineering, process selection, and post-

treatment with computational alloy design[121]—-[123].

Future directions for sprayed HEA coatings include systematic exploration of gas-atomized

pre-alloyed powders for industrial-scale HVOF/HVAF spraying, more studies on solid-state
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cold/warm spray for oxygen-sensitive chemistries, coupling of CALPHAD thermodynamic
predictions with spray process models to anticipate phase evolution, and development of
HEA bond coat standards for TBC qualification. Additional promising avenues are hybrid
routes such as APS followed by laser remelting to heal porosity and homogenize
microstructure, compositional gradient (functionally graded) HEA coatings, and HEA-based
composite coatings in which ceramic reinforcements are embedded to tailor wear or thermal
properties. The literature and recent review efforts emphasize that the field is moving rapidly
from fundamental demonstrations toward targeted qualification for demanding environments
(tribological, corrosive, or high-temperature) but that standardized feedstock and process

databases are still needed to accelerate adoption[121], [122].
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1.5. Alternative solutions to Co-based coatings

The development of alternative protective coatings to replace conventional Co- and W-
based systems represents one of the main current challenges in the field of surface
engineering. The motivation for this research arises both from the high supply risk and cost
associated with these critical raw materials (CRMs), and from growing concerns regarding
their toxicity and environmental impact [88], [128], [121], [129].

All coatings were deposited using High Velocity Oxy-Fuel (HVOF) spraying on stainless-
steel substrates [130], [131]. The main aim of the deposition strategy was to ensure
reproducible coating microstructures and to allow systematic investigation of the effects of
composition and phase constitution on coating performance.

The coatings were characterised through a combination of microstructural, mechanical,
tribological and corrosion analyses. Phase composition and microstructure were assessed
by X-ray diffraction, SEM/EDX, and EBSD, while chemical composition, porosity, and

thickness were quantified using gas analysis and image-based methods[130], [131].

Mechanical properties were evaluated via microhardness and nanoindentation mapping, as
well as scratch testing to assess adhesion and fracture resistance. Tribological behaviour
was studied through ball-on-disc sliding and high-stress abrasion tests [130], [131], whereas
corrosion resistance was investigated using potentiodynamic polarisation and post-test

microstructural analysis [130], [131]

Overall, this characterisation approach was designed to link composition and microstructure
to functional performance in terms of hardness, wear, and corrosion resistance, providing a
framework for comparison with conventional WC-Co/Cr and Stellite-type coatings [121],
[129] and highlighting the potential advantages of CRM-free HEA and HEA-TIC coatings.

The overall goal of this work is therefore to design, deposit, and characterise new high-
performance coatings that are completely free of cobalt and tungsten, while maintaining or
even improving the mechanical, tribological, and corrosion properties of traditional Stellite
and WC-Co/Cr systems. At the same time, the aim is to develop coatings that are more
sustainable and recyclable, in line with current circular-economy objectives.

To achieve these goals, two complementary families of materials were developed and

investigated:

e Metallic high-entropy alloy (HEA) coatings, designed as direct metallic substitutes for

Ni- and Co-based overlays, and
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e HEA-based cermet coatings, obtained by reinforcing the same HEA matrices with TiC
ceramic particles to achieve hardmetal-like microstructures combining high hardness
and wear resistance.

Both families were specifically tailored for High Velocity Oxy-Fuel (HVOF) deposition and
conceived to allow a systematic study of the relationships between composition, phase

constitution, and functional performance.

1.5.1. Route 1: Metallic coatings

Based on the evidence available in the scientific literature, two distinct HEA systems were
selected for investigation.

The first is the equiatomic Cr—Mn—Fe—Co—Ni alloy, commonly known as the Cantor alloy.
This material is one of the most representative and extensively studied HEAs, characterised
by a stable single-phase face-centred cubic (FCC) structure[132]. Due to its well-
documented mechanical and corrosion properties and the fact that it has already been
successfully deposited and evaluated as a thermal-spray coating by several authors, the
Cantor alloy was considered a reliable reference material for this work. However, it is
important to underline that the alloy still contains a significant fraction of cobalt, which,
although lower than in conventional Stellite alloys, remains a limiting factor when the goal is
to minimise the use of CRMs.

The second selected system is the Alx(Cr2o0Mn2sFe4oNi1s)100-x alloy, previously investigated
in[133]. Unlike the Cantor alloy, this system is entirely cobalt-free, and both its phase
constitution and mechanical behaviour can be systematically tuned by varying the aluminium
content. In this work, three compositions were considered, corresponding to x = 0, 10 and
14, referred to hereafter as Alo(CrMnFeNi), Alio(CrMnFeNi), and Ali4(CrMnFeNi),
respectively.

The composition with x = 0 forms a single-phase FCC solid solution, typically associated
with high ductility but lower hardness. Conversely, the Al-containing variants (x = 10 and 14)
are expected to develop dual-phase microstructures composed of a disordered body-
centred cubic (BCC) solid solution and an ordered intermetallic B2 phase. Such a phase
assemblage usually results in increased hardness at the expense of ductility, which makes
these alloys particularly interesting for wear-resistant coating applications.

The rationale behind the selection of this alloy family can be summarised in three main
points:
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= The complete absence of cobalt, which directly addresses the issue of CRM
dependency and related cost and health concerns.

= The relatively high iron content, which helps to reduce production costs and improve
sustainability.

= The systematic control of phase constitution through Al addition, enabling a detailed

investigation of structure—property relationships in HEA coatings.

1.5.2. Route 2: Cermet coatings

The second research route focused on the development of HEA-based cermets, in which
the metallic HEA matrices from Route 1 were used as binders for a ceramic hard phase,

with the aim of obtaining hardmetal-type coatings characterised by high wear resistance.

Four matrix compositions were selected, chosen to represent a wide range of phase

constitutions and mechanical behaviours:

=  CrMnFeCoNi + 60 vol.% TiC, hereafter Cantor+60TiC.

= Cr20Mn2sFesoNit5s + 60 vol.% TiC, hereafter AIO(CrMnFeNi)+60TiC.

= Al14(Cr20Mn2sFe4oNi15)se + 60 vol.% TiC, hereafter Al14(CrMnFeNi)+60TiC.
= AlosCrCuFeNi2 + 60 vol.% TiC, hereafter AICuCrFeNi+60TiC.

Within the Alx(Cr20Mn2sFe4oNi1s)100-x family, only the boundary compositions x = 0 and x =
14 were selected, as they represent two opposite structural conditions: a fully FCC solid

solution and a dual BCC/B2 microstructure[133].

In addition, the AlosCrCuFeNiz alloy [134] was included because, despite its relatively high
Al content (~9 at.%), it remains predominantly FCC-stabilised due to its high valence
electron concentration (VEC > 8) and ¢ = 20 [135]. This provides a useful comparison with
the Al-rich Cr—Mn—Fe—Ni systems, where increasing Al promotes the formation of BCC/B2

phases.

All HEA matrices were reinforced with 60 vol.% TiC, a fraction chosen based on previous
studies on TiC- and NbC-based hardmetals with simpler metallic binders (Ni-Cr, Fe-Cr-Al,
etc.), which demonstrated that this value offers the best compromise between hardness and
fracture resistance. Higher TiC contents generally cause excessive brittleness, whereas
lower ones fail to provide sufficient reinforcement[99], [101], [136], [137].

The powders were produced by high-energy ball milling (HEBM) with in-situ TiC synthesis,
followed by classification into an HVOF-grade particle size range (-45/+10 uym). This
procedure ensures a fine and homogeneous dispersion of TiC within the metallic matrix

before spraying.
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2. Experimental Procedure

This chapter presents a systematic account of all coating compositions investigated within
the framework of the present Ph.D. research, with particular emphasis on strategies aimed
at reducing the dependence on Critical Raw Materials (CRMs) and mitigating their
associated hazardousness. A detailed description is provided of the thermal spraying
processes employed, together with the deposition parameters optimized to ensure reliable

and reproducible coating fabrication.

To evaluate the functional performance of the developed coatings, an extensive
experimental campaign was conducted, encompassing micromechanical, tribological, and
corrosion resistance tests. All testing procedures were selected and performed in strict
accordance with ASTM standards, thereby guaranteeing methodological consistency,
reliability of the data, and comparability with the state of the art. The experimental design
was conceived to generate a comprehensive performance profile of the coatings under

conditions representative of their potential applications.

Post-test analyses were primarily devoted to the identification and classification of the
prevailing wear mechanisms and corrosion morphologies observed in the coated systems.
This approach enabled not only a deeper understanding of the coatings’ degradation
pathways but also the establishment of direct comparisons with the scientific and technical
literature available on analogous classes of protective coatings, thus situating the present

results within a consolidated research context.

In addition, the chapter provides an exhaustive description of the experimental
methodologies adopted for both the manufacturing processes and the subsequent
characterization of feedstock powders and deposited coatings. These procedures,
discussed in detail in dedicated sections, represent the methodological backbone of the
research and form the basis for the critical evaluation of the coatings’ properties and their

technological relevance.
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2.1. Feedstock Powders and characterization

All feedstock powders employed in this research were produced by mechanical alloying
(MA), a well-established and extensively validated method for the synthesis of high-entropy
alloys (HEASs)[138]. While gas atomization represents the most typical route for producing
metallic powders, including HEAs, mechanical alloying was specifically chosen in this study
to reduce production costs and accelerate the development of experimental powders. This
approach allows rapid exploration of different compositions and phase constitutions,
providing a practical balance between material performance and experimental flexibility,
particularly in the early stages of coating development. In this case, MA was conducted
through a proprietary high-energy ball miling (HEBM) process, starting from elemental
powders of the respective alloying elements. The resulting MA powders were subsequently
subjected to a classification procedure, involving sieves and cyclone separators, in order to
obtain a fraction with particle sizes in the —-45 +10 uym range for high-velocity oxy-fuel
(HVOF) spraying.

The particle size distributions of all classified feedstock materials were verified by laser
scattering analysis (Mastersizer 2000, Malvern Panalytical Ltd., Malvern, UK).
Measurements were conducted using ultrasonication in a wet dispersion cell (Hydro-2000)

in order to promote deagglomeration and ensure accurate characterization.

The phase composition of the powders was determined by X-ray diffraction (XRD) using Cu-
Ka radiation (X’Pert PRO and Empyrean, Malvern Panalytical B.V., Aimelo, NL). Diffraction
patterns were recorded within the 20° < 28 < 85° range, thus enabling the identification of
both major crystalline phases and potential secondary constituents formed during
mechanical alloying.

Further insight into the microstructure and chemical composition of the powders was
obtained by means of scanning electron microscopy (SEM) (Nova NanoSEM 450, FEI —
Thermo Fisher Scientific, Eindhoven, NL) combined with energy-dispersive X-ray
spectroscopy (EDX) (Quantax-200 microanalysis system equipped with an XFlash6|10
detector, Bruker Nano GmbH, Berlin, Germany). For metallographic preparation, the
powders were embedded in a two-component epoxy resin, which was then cured at room
temperature. The mounted samples were ground sequentially with silicon carbide (SiC)
abrasive papers (grit sizes ranging from P400 to P4000), followed by polishing steps using
polycrystalline diamond suspensions (3 um average particle size) on woven cloth and

colloidal silica suspensions on non-woven cloth. Since the metallic powders imparted
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sufficient electrical conductivity to the epoxy matrix, no additional metallization (e.g., gold or

carbon coating) was required prior to SEM observation.

Quantitative chemical analyses were carried out by acquiring three independent EDX
spectra from representative areas imaged at 400x magnification. The analyses were
performed at an acceleration voltage of 15 kV with a live counting time of 60 s. Carbon and
oxygen were excluded from direct quantification, as both elements were present not only in
the powders but also in the epoxy resin. Instead, their concentrations were measured
separately: carbon was quantified by the oxygen combustion method (TCH600, LECO
Corporation, St. Joseph, MI, USA), whereas oxygen and nitrogen were determined via the
inert gas fusion technique (CS230, LECO Corporation). The elemental concentrations
obtained from EDX were subsequently renormalized to 100% by incorporating the measured

C, O, and N values, following the procedure detailed in [136].
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2.2. Coating Deposition

Coatings were deposited on AISI 304 stainless steel plates (60 x 25 x 3 mm). Prior to
deposition, the substrates were grit-blasted with brown alumina particles of median size 300
pm (d50) using a handheld blasting unit operated at 5.5 bar, yielding a surface roughness
of approximately Sa =7 ym. The plates were subsequently cleaned in an ultrasonic acetone
bath to remove residual grit and contaminants, dried with compressed air, and stored in an
oven at 60 °C to minimize moisture uptake prior to spraying.

Depositions were performed using a Diamond Jet 2600 HVOF system (Oerlikon Metco,
Westbury, NY, USA) equipped with a DJ8W torch and a pressurized gravimetric SMPE-DJ
powder feeder. The torch was mounted on an X-Y translation system and traversed across
a rotating mandrel holding the plates. The mandrel rotation and horizontal traverse speed of
the torch were adjusted to achieve a relative torch—substrate velocity of 750 mm/s and a
pitch distance of 5 mm (spindle rotational speed 90 rpm and axial feed rate 448 mm/min).
Each deposition cycle comprised three torch passes applied in an alternating back-and-forth
motion in the X direction with the same start and end points during the coating process, and
13 cycles were carried out in total. A 20 s pause was introduced between cycles to allow
substrate cooling, while fixed compressed air jets were directed at the substrates to further

control temperature and limit overspray accumulation.

Figure 8: HVOF gun - Diamond Jet 2600 system (spraying booth is installed in Ecor International to Schio in Italy).In the
right side 2 configuration of the new sample holder designed by me for CoOBRAIN project.
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Prior to coating, one 3-pass cycle without powder feed and without cooling was performed
to preheat the substrates. Deposition commenced once the powder feed rate stabilized

within 4 g/min of the target value, typically within 1 min.

During deposition, the surface temperature was monitored using an infrared pyrometer
(OPTRIS CTLaser, Luchsinger srl, Curno, Italy) positioned outside the torch scan track to

avoid artefacts from the spray plume.

For each powder, three depositions were performed under different parameter sets, denoted
as “Run 1” to “Run 3,” corresponding to progressively higher H2 and O:2 flow rates, as

summarized in Table 3. All other parameters were held constant.

Deposition efficiency was determined by weighing three plates before and after deposition
using an electronic balance (accuracy +0.01 g). The mass gain of each plate (Am_plate)

was calculated as the difference between the final and initial weight.

The total mass of powder directed toward each plate (m_powder) was calculated from the
powder feed rate (m, in g/min) multiplied by the effective spraying time per plate (t_spray).
The spraying time was derived from the process kinematics, taking into account the relative
gun-to-substrate velocity (v), the pitch distance between adjacent passes (p), the effective
coating width, the number of passes per cycle (n_p), and the total number of deposition
cycles (n_c). In practice, the time required to complete one pass was obtained from the ratio
between the scan length and the relative velocity, and the total spraying time was computed
as the product of the time per pass, the number of passes per cycle, and the number of

cycles.

The deposition efficiency (DE) was then calculated as:

Ampate

DE(%) = x 100

Mpowder
where Am_plate is the mass gain of the substrate and m_powder is the total mass of powder
delivered toward the plate during deposition.
For reference, commercial WC-CoCr (Woka 3652, Oerlikon Metco WOKA GmbH, Barchfeld,
Germany [139], Density 5 g/cm3) and Stellite-6 powders (Amperit 344.088, HOganas,
Laufenburg, Germany) were also deposited on the same substrates with the parameters
listed in Table 3. The resulting coatings were used as a benchmark.
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Table 3: HVOF deposition parameters for all powders.

Parameter setting Run1 | Run2 | Run3 | Stellite-6 | WC-CoCr
O:2 pressure (psi/ MPa) 170/1.20
O2 flow rate (SLPM) 201 | 214 | 228 | 214 234
H> pressure (psi/ MPa) 140/ 0.98 110/0.97
H. flow rate (SLPM) 574 | 635 | 656 | 635 666
Air pressure (psi/ MPa) 100/0.7
Air flow rate (SLPM) 274 313 235
Stoichiometric ratio 09 | 086 | 0.87 0.88 0.85
Powder feed rate (g/min) 20 60
Standoff distance (mm) 250 240
Torch-substrate speed (mm/s) 750
Pitch distance (mm) 5 | 6
N° of passes per cycle 3
N° of deposition cycles 13 | 9 8
N° of pre-heating cycles 1
Pause between cycles (s) 20
Sample holder diameter (mm) 160
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2.3. Coatings characterization

2.3.1. Microstructure and phase composition

The microstructural characteristics and chemical composition of the coatings, both on the
surface and in cross-section, were investigated by scanning electron microscopy.
Observations were carried out using a field emission gun SEM (Nova NanoSEM 450, FEI —
Thermo Fisher Scientific, Eindhoven, NL) equipped with energy-dispersive X-ray (EDX)
spectroscopy (Quantax200 EDX microanalysis system with XFlash6|10 detector, Bruker
Nano GmbH, Berlin, Germany). Preparation of coated samples for cross-sectional
observation followed standard metallographic procedures: samples were sectioned by
precision cutting, embedded in fenolic resin to ensure mechanical stability, and subsequently
ground with SiC abrasive papers of increasing grit size (from P400 to P4000). Final polishing
was performed sequentially with a polycrystalline diamond suspension (3 ym average
particle size) and colloidal silica. Afterwards, samples were ultrasonically cleaned in
acetone, dried with compressed air, and mounted on standard aluminium stubs using
conductive adhesive tapes[136], [140]. No metallization was applied to the sample surfaces,
since the powder-loaded resin used for mounting was electrically conductive, while the

phenol-based resin exhibited sufficient intrinsic conductivity.

The quantitative chemical composition of powders and coatings was determined by
acquiring three EDX spectra on 400x cross-sectional views, operating at an acceleration
voltage of 15 kV and a live time of 60 s. Quantification was carried out using the Esprit 2.1
software, applying the ¢-p-Z correction method. Porosity measurements were performed by
image analysis on eight backscattered electron micrographs acquired at 3000x%, using a
Matlab routine (R2024a — The MathWorks Inc., USA). Coating thickness was evaluated from
400x micrographs by means of Imaged software (NIH, Bethesda, MA, USA).

The crystalline phase composition of the coatings was examined by X-ray diffraction (XRD)
using an X'Pert PRO and Empyrean diffractometer (Malvern Panalytical, Almelo, NL).
Analyses were conducted with Cu-Ka radiation generated by a tube operated at 40 kV and
40 mA, over the angular range 20° < 28 < 85°. Prior to measurement, coating surfaces were
ground with diamond-based abrasive papers (P120, P400, P600), then polished with pads
and polycrystalline diamond suspensions (9 um and 3 pm average particle size), followed
by final polishing with a cloth and 3 ym polycrystalline diamond suspension. Phase
identification was performed using X'Pert HighScore Plus software (version 5.1, Malvern

Panalytical) [141] in combination with the ICDD PDF-4 database. Semi-quantitative phase
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analysis was carried out through Rietveld refinement using the GSAS-EXPGUI
package[142], [143], with structural models retrieved from the Crystallography Open
Database (COD) [144]. Peak profiles were fitted with a pseudo-Voigt function (“type 2” profile
shape model in GSAS[142]). Refinement included unit cell parameters and scale factors for
each phase, together with the background (modelled as a shifted Chebyshev function with

nine terms) and the zero shift.

2.3.2. Micromechanical testing

Cross-sections polished as described in Section 2.3.1 were also used to measure the
microhardness of the coatings by depth-sensing micro-indentation (Micro-Combi Tester,
Anton Paar Tritec, Corcelles, CH). Measurements were performed with a Vickers indenter
under a 3 N applied load, using loading and unloading times of 30 s each and a 15 s hold at
maximum load. The indentation curves were analysed according to the Oliver—Pharr
method, in compliance with ISO 14577. For each sample, twenty indents were performed,

and the resulting values were reported as mean * standard deviation.

In addition to conventional micro-indentation, high-speed nanoindentation mapping [145]
was carried out across the coating thickness, from the substrate to the outer surface, in
order to map the mechanical properties and their local heterogeneity. This technique, which
is based on the standard Oliver—Pharr procedure[146], incorporates significant
improvements in hardware, electronics, and data acquisition, enabling rapid measurements
with load—unload cycles as short as 1 to 5 seconds. High-speed mapping was performed
with a G200 nanoindenter (KLA Corporation, Oak Ridge, TN, USA) equipped with a standard
Berkovich indenter. The lateral extension and number of indents per sample were adjusted
according to the balance between time and resolution, as detailed in Table 4. To avoid
overlap of plastic zones, indent spacing was set to at least ten times the indentation depth,
in accordance with the recommendations of Vignesh et al. and Phani et al. [147], [148].
Before mapping, grid continuous stiffness measurements were performed on each
specimen to calibrate the load—displacement response, which was then used to determine
the appropriate target load for the load-controlled mapping experiments. The selected

parameters are listed in Table 4.
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Table 4: High-speed nanoindentation mapping parameters.

Target X Size | Y Size | Number of Average
Sample . depth

load (mN) | (um) (um) indents

(nm)

Cantor 10 225 225 8100 240
Cantor+60TiC 2.3 200 280 56000 83
Alo(CrMnFeNi) 8 440 184 15360 238
Alo(CrMnFeNi)+ 60TiC | 3 120 120 14400 96
Al1o(CrMnFeNi) 8 441 207 17280 236
Al14(CrMnFeNi) 12 200 200 6400 260
Al14(CrMnFeNi)+60TiC | 3.5 242 273 65502 114
AICuCrFeNi+60TiC 3 150 150 22500 95

Machine compliance and the indenter area function were calibrated using the same high-
speed protocol applied for the actual indentation maps. After testing, the hardness data from
the nanoindentation maps were processed using a Gaussian Mixture Model (GMM)
algorithm to identify the mechanical phase composition of the coatings. This statistical
approach, which assumes a normal distribution of the components, enabled the

deconvolution of the hardness dataset through an expectation—maximization protocol.

Scratch testing was also performed on surfaces of the cermet coatings, ground and polished
following the same procedure adopted for XRD analysis (Section 2.3.1). Tests were carried
out with the Micro-Combi Tester using a conical diamond indenter (120° opening) with a
spherical tip of 100 ym radius. For each sample, six scratch tracks were executed under a
linearly increasing load ranging from 0.02 mN to 30 N, over a track length of 6 mm at a
constant speed of 6 mm/min. The resulting tracks were examined by optical microscopy at
200x magnification to determine failure modes and to identify the critical loads associated
with their onset. Complementary instrumental signals, including acoustic emission,
tangential force (and corresponding friction coefficient), as well as total and residual
penetration depths measured through pre- and post-scans with the same indenter at 0.02

N, were also acquired and used to support the identification of the critical loads.

Multi-cycle spherical nanoindentations were made on the same polished cross-sections

using an NHT3 indenter (Anton Paar Tritec) equipped with a spherical diamond indenter with
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a tip radius of 20 ym. The indentation protocol involved 25 loading / partial unloading cycles,
with a quadratic increment of the peak load from 30 mN to 400 mN, unloading to 20% of
each peak load, 10 s loading and unloading time in each cycle, 15 s hold at each maximum
load, and 1 s pause between cycles. At least 20 multi-cycle indentations were performed on

each sample.

The data were analysed to extract the indentation modulus (EIT) of each cycle.

The plane-strain indentation modulus (E*) was computed as:

where:

S = unloading slope, obtained by fitting the unloading portion of each cycle with a power-law

and taking the first derivative at the beginning of unloading, according to the usual Oliver-

Pharr analysis method.

a.sr = effective contact radius at the maximum load of each cycle = \/2 "R-hg — h%

R = indenter radius

h. = contact depth at the maximum load of each cycle, obtained via the Oliver—Pharr
method.

In a spherical indentation experiment, the sample only starts to plasticize for sufficiently high
loads. The E* values obtained before the complete plasticization of the contact are
unreliable, because all analysis models rely on the assumption of full plasticization during
loading. Therefore, all the data points at contact depths below the level at which the slope
of the E* versus h trend was <0.5° were discarded. In fact, E* should be independent of
the contact depth when the condition for the applicability of the above equations is met, i.e.

full plasticization of the contact region during loading.

To identify the true value of the indenter radius R at each contact depth h, accounting for
deviations from the nominally ideal spherical geometry, the following approach was
employed. First, the profile of the indenter was verified by optical profilometry in structured
illumination mode (Confosurf profilometer, Confovis GmbH, Jena, Germany, installed on a
Nikon Eclipse L150VN optical microscope operated with a 50x objective). By fitting the
overall profile to a spherical shape, the radius was verified as 20 um, however the profile
was not completely spherical next to the tip due to fabrication imperfections. A calibration

was therefore performed against a fused silica standard, performing multicycle indentations
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and reversing the indentation modulus relation to obtain a.rr as a function of the h¢ value
at each cycle. The data were fitted to a polynomial relation.

When analysing the indentation data from the test samples, R was obtained from the fitting
curves for h. values within the contact depth range for the calibration. For h > 4 ym the
radius was assumed to coincide with the nominal value of 20 ym. For intermediate h,
values, R was computed as a linear interpolation between 20 uym and the value at the

maximum h attained in the calibration.

2.3.3. Wear testing

Ball-on-disc sliding wear tests were performed in unidirectional rotating mode according to
ASTM G99, using the same polished samples prepared for XRD analyses and scratch
testing. The counterparts consisted of 3 mm-diameter Al,O; spheres, operated under an
applied load of 10 N and a sliding distance of 5000 m for cermet, 5 N and 1000 m for metal
coatings, a relative sliding speed of 0.4 m/s, and a track radius of 7 mm. These test
parameters were selected because they generate sufficiently severe contact conditions to
highlight possible mechanical issues within the coatings (e.g., lamellar delamination). Al,O5
was chosen as counterpart material because it is both hard and chemically inert, thereby
simulating sliding against hardened surfaces or surfaces containing hard asperities, while
minimizing (though not entirely eliminating) the tribo-chemical interactions that could

otherwise complicate the interpretation of the results.
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Figure 9: schematic diagram of ball-on-disk experimental set-up[149].

95



At least two wear tests were carried out on each sample. The friction coefficient was
continuously measured during testing using a load cell. The volumetric wear loss of the
counterpart ball was quantified by measuring the diameter of the circular wear scar with an
optical microscope (Olympus GS30) and subsequently calculating the volume of the
corresponding spherical cap. The volumetric wear loss of the coatings was instead
determined using a structured illumination microscopy technique (ConfoSurf profilometer,
Confovis GmbH, Jena, Germany), integrated with a Nikon Eclipse LV150N optical
microscope equipped with a 10x objective. For each wear track, four profiles were acquired
at angular positions spaced 90° apart along the circular path. For each position, the volume
of the wear-groove sector was calculated with respect to the mean plane of the external
unworn surface. The obtained sector volume was divided by the corresponding arc length
to determine the average cross-sectional area of the groove, and this value was then
multiplied by the total sliding track length to obtain the overall wear volume.The wear
volumes were then converted into specific wear rates, calculated according to the relation
K =V /(Fy-L),where V is the volumetric wear loss, Fy = normal force, L = total sliding

distance.

High-stress abrasion tests were performed on as-deposited cermet plates using a steel-
wheel apparatus (AP87, Ceramic Instruments, Sassuolo, Italy). In high-stress abrasion
applications, unpolished specimens are typically employed, as low surface roughness is not
generally required. During testing, the plates were pressed against a 200 mm-diameter
Fe360A steel wheel with a normal load of 40.2 N. The wheel, rotating at 87 rpom, dragged
along a tangential flow of FEPA80 Al,O; abrasive (=180 um average particle size), supplied
through an adjustable orifice at a controlled outflow rate of 110 g/min. A total of 100 wheel
revolutions were performed for each test. A minimum of three abrasion tests were carried
out for each coating. The volumetric wear loss of the abraded samples was measured by
acquiring the wear track profiles using the same ConfoSurf profilometer mounted on the
Nikon Eclipse LV150N optical microscope. Measurements were conducted in focus variation
mode with a 5x objective and a ring-light illumination source, the latter chosen to
compensate for the roughness of the abraded surfaces and the reduced numerical aperture
of the objective. For each sample, a strip 2 mm in width was acquired along the entire length
of the wear track. The wear volume of this strip was calculated with respect to the mean
plane of the external unworn surface. The resulting value was then rescaled to the total

nominal track width of 10 mm by multiplying the measured strip volume by a factor of five.
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High-stress abrasion tests were not performed on metallic coatings for two main reasons.
First, metallic overlays are generally not intended for service under the severe abrasion
conditions reproduced by the steel-wheel test, making the results of such a test poorly
representative of their typical operating environments. Second, it is well established that the
steel-wheel configuration produces significant artefacts when applied to metallic materials:
the severe contact conditions promote the excessive embedding of Al,O; abrasive
fragments into the metallic surface, artificially increasing the apparent wear resistance. This
artefact does not occur in ceramic and cermet coatings, whose hardness and microstructure

prevent such anomalous particle incorporation.
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Figure 10: Schematic configuration of steel wheel abrasion test.
The surfaces and cross-sections of the worn samples, subjected to ball-on-disc and steel-
wheel abrasion tests, were examined by SEM + EDX using the same equipment described
in (2.3.1). Worn surfaces were observed at an inclination angle of 45° to achieve a clearer
view of their morphology. Cross-sections prepared by metallographic cutting were hot
mounted in transparent acrylic resin to facilitate the identification of the wear track. The
grinding and polishing procedure was the same as reported in (2.3.1). In this case, the resin-
mounted samples were sputter-coated with an ~10 nm-thick Au layer to ensure the required

electrical conductivity.
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2.3.4. Electrochemical corrosion testing

Electrochemical polarization tests were carried out on the polished surfaces of the coated
samples, prepared as described in (2.4.1). A three-electrode cell was employed, consisting
of the sample as the working electrode (exposed surface area: 1 cm?), an Ag/AgCI/KCl(sat.)
reference electrode, and a Pt mesh counter electrode. The cell was filled with 300 mL of a
3.5% (wt./vol.) NaCl aqueous solution at room temperature under aerated conditions. After
immersion for one hour, the samples were polarized from the open circuit potential (OCP)
to —400 mV vs. OCP and subsequently swept from —400 mV vs. OCP to +1600 mV vs. OCP
at a scan rate of 0.5 mV/s, to obtain the complete electrochemical polarization curve.
Measurements were performed using a VersaStat 3 potentiostat (Ametek — Princeton

Applied Research, USA). Two repetitions were conducted for each coating type.
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Figure 11: Scheme and picture of electrochemical cell.
The corrosion potential (Ecorr) and corrosion current density (lcorr) were determined from the
polarization curves using the Tafel extrapolation method, by fitting linear regions of the
anodic and cathodic branches at overpotentials of at least [50] mV from the equilibrium
potential.
After testing, the corroded samples were hot-mounted in acrylic resin as described in (2.3.3),
ground and polished as in (2.3.1), and examined by SEM + EDX to evaluate the extent of
corrosion damage across the cross-section.
For selected samples (see 3.6.b.), chronoamperometric tests were also conducted in the
same 3.5% (wt./vol.) NaCl aqueous solution using the experimental setup described
above. As before, the samples were allowed to stabilize in contact with the test solution for

1 hour, after which they were first polarized cathodically from the open-circuit potential
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(OCP) to —0.4 V vs. OCP, ensuring that the initial surface condition matched that at the
beginning of the electrochemical polarization sweep. Subsequently, the sample was
polarized to a fixed potential, which was maintained for 3 hours while continuously
monitoring the current flowing through the system (1 acquisition per second). The potential
values were chosen so that the samples were polarized to overpotentials of +0.15V, +0.20

V, and +0.25 V above their OCP value established after the cathodic pre-polarization.

Cross-sections of the samples after both electrochemical polarization and
chronoamperometric testing, as well as selected surfaces after chronoamperometric
testing, were examined by scanning electron microscopy (SEM: Quanta-200 and Nova
NanoSEM 450, FEI Thermo Fisher Scientific, Eindhoven, NL) equipped with energy-
dispersive X-ray (EDX) detectors (INCA, Oxford Instruments Analytical, Abingdon, UK; and
Quantax-200 with X|Flash10 detector, Bruker Nano GmbH, Berlin, Germany). The samples
were hot-mounted in a transparent acrylic resin using a mounting press, sectioned with a
metallographic cutting disk, ground with SiC abrasive papers (P400 to P4000), and
polished with a 3 um polycrystalline diamond slurry followed by colloidal silica. Resin-
mounted specimens were then sputter-coated with an approximately 10 nm Au layer to
ensure adequate electrical conductivity.

Compound identification on the surfaces of samples subjected to chronoamperometric
tests was further performed by micro-Raman spectroscopy (LabRAM HR Evolution, Horiba
Jobin-Yvon) and X-ray Photoelectron Spectroscopy (XPS). Raman spectra were collected
using a Nd:YAG laser (532 nm wavelength, 100 mW maximum output), with the beam
attenuated to 10% of full power and focused onto the sample through a 100x objective.
The signal was dispersed using a 600 g/mm diffraction grating and detected with a CCD
camera equipped with a Peltier cooling system. Spectra consisted of 6 accumulations (for
wear tracks) or 10 accumulations (for corroded surfaces), each with a 20 s acquisition
time. XPS analyses were carried out using a custom-built system with a Mg-Ka X-ray
source (photon energy 1253.6 eV) and a SPECS Phoibos HSA 3500 analyzer. The
analysed area was approximately 1 mm? and located near the center of the tested surface.
High-resolution spectra of all detectable elements were acquired with a 0.1 eV energy
resolution. Binding energies for XPS interpretation were taken from the NIST XPS
database[150].

59



3. Results and discussions

To facilitate clarity and readability, the presentation of results has been organized into two
main sections, distinguishing metallic coatings (a. Metallic coatings) from cermet coatings
(b. Cermet coatings). This division reflects not only the different nature of the investigated

systems but also the specific characterization approaches adopted for each category.

Metallic coatings are primarily employed for their corrosion resistance and chemical stability,
making them suitable for applications in marine environments, chemical processing
equipment, and energy systems where protection against aggressive atmospheres is
crucial. Accordingly, their characterization focused on phase constitution, microstructural
features, and electrochemical behaviour.

Cermet coatings, on the other hand, are designed to combine high hardness and wear
resistance with adequate toughness, which makes them particularly effective in severe
mechanical environments. Typical applications include components exposed to abrasive or
erosive conditions, such as turbine blades, valves, mining tools, and automotive parts. Their
evaluation therefore required extended tribological and mechanical characterization, in
addition to microstructural analysis.

This structure enables a more systematic discussion of the findings, allowing the reader to
follow the rationale of the study while appreciating the differences in behaviour and

performance between metallic and cermet-based protective solutions.
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3. a. Metallic coatings

3.1. a. Size distribution, microstructure, and phase
composition of the powders

All the powders exhibited very similar particle size distributions, which are quantitatively
summarized in Table 5 through the 10th, 50th, and 90th percentile values. Overall, the
distributions were found to be only slightly coarser than the nominal =45 + 10 um range
specified in 2.1. This small deviation is consistent with typical feedstock preparation by high-
energy ball milling and subsequent classification, and it does not hinder the suitability of the

powders for HVOF spraying.

Such granulometric characteristics ensure adequate flowability during powder feeding and
stable in-flight behaviour, both of which are essential for achieving uniform deposition and
consistent coating microstructures. In this sense, the values reported in Table 5 confirm that
all feedstock powders were appropriately tailored for thermal spray processing and fall within

the optimal range required for the HVOF technique.

Table 5 presents the characteristic percentile values of the particle size distributions for the
HEBM feedstock powders, providing a reliable basis for subsequent correlation between
powder properties and coating performance.

Table 5: Density by helium pycnometry and characteristic values (10th, 50th, and 90th percentiles) of the size
distributions of the HEBM feedstock powders.

Powder Density [g/cm?] dio [um] dso [um] dgo [um]
Cantor 7.69 16 33 59
Alo(CrMnFeN:i) 7.65 21 37 61
Al1o(CrMnFeN:i) 7.09 15 31 60
Al14(CrMnFeN:i) 6.86 15 31 56

The chemical composition determined by EDX analysis, reported in Table 6, showed that all
powders generally matched their nominal alloy compositions, except for manganese. In
most cases, the measured Mn content was lower than expected, which may indicate either
a partial loss of this element during the powder preparation process or limitations in its
quantitative detection by EDX. The only exception to this trend was the annealed Cantor
powder, in which the manganese concentration was consistent with the nominal

composition.
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For all other principal alloying elements, the measured concentrations were in good
agreement with the designed stoichiometries, thereby confirming the reliability of the powder

preparation route.

Furthermore, traces of silicon were detected in some samples, as reported in Table 6.
However, these are most likely artefacts rather than actual constituents of the powders. The
presence of Si can be attributed to residual particles from the colloidal silica suspension
used during the final polishing step of the samples, as described in 2.1. These particles may
have become trapped in the resin between the powder grains, producing spurious EDX

signals.
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Table 6: Chemical composition of HEA powders and coatings (mass%, normalized to 100: mean + standard deviation)
measured by EDX analysis on areas imaged at 400%, and by inert gas fusion (oxygen, nitrogen) and oxygen combustion
(carbon) for the powders.

Cantor
Element . HVOF

Nominal Powder Runl Run2 Run3
Oxygen - 0.15+0.07 11.16+0.24 10.89+0.76 12.1940.51
Nitrogen - 0.17+0.01 - - -
Carbon - 0.28+0.01 - - -
Aluminum - 0.174£0.02 0.11+0.07 0.15+0.09 0.15+0.12
Silicon - 1.46+0.08 0.51+0.04 0.4310.04 0.50£0.02
Chromium 18.54 20.0210.04 17.38+0.20 17.54+0.27 17.27+0.18
Manganese 19.59 16.96+0.03 15.09+0.11 14.7610.23 14.5040.23
Iron 19.91 19.00+0.03 17.80+0.10 18.08+0.10 17.56+0.13
Cobalt 21.02 20.5310.10 18.88+0.16 19.08+0.16 18.79+0.29
Nickel 20.93 21.2610.08 19.08+0.34 19.06+0.26 19.03+0.24

Alo(CrMnFeNi)
Element . HVOF

Nominal Powder Runl Run2 Run3
Oxygen - 0.55+0.01 10.34+0.10 9.95+0.30 8.98+0.12
Nitrogen - 0.184£0.01 - - -
Carbon - 0.04+0.01 - - -
Aluminum - 0.2040.06 0.1740.06 0.231#0.10 0.23#0.11
Silicon - 0.84+0.08 0.41+0.03 0.39+0.04 0.374£0.03
Titanium - 0.14+0.08 0.12+0.04 0.08+0.03 0.09+0.02
Chromium 18.81 20.13+0.29 17.34+0.17 17.2740.12 17.37+0.17
Manganese 24.85 18.37+0.35 19.12+0.12 19.06+0.15 19.69+0.14
Iron 40.41 43.1410.26 38.21+0.17 38.5210.21 38.61+0.18
Nickel 15.93 16.41+0.22 14.29+0.12 14.50+0.09 14.66+0.05

Al1o(CrMnFeN:i)
Element . HVOF

Nominal Powder Runi Run2 Run3
Oxygen - 0.45+0.01 7.7510.08 8.4310.12 8.85+0.17
Nitrogen - 0.18+0.05 - - -
Carbon - 0.02+0.01 - - -
Aluminum 5.14 5.7740.23 5.04+0.03 4.99+0.04 5.1040.02
Silicon - 1.06+0.30 0.2040.02 0.15+0.03 0.21+0.02
Chromium 17.85 18.91+0.33 17.7740.21 17.77+0.04 17.49+0.13
Manganese 23.57 18.80+0.03 17.56+0.21 17.07+0.27 16.69+0.16
Iron 38.33 39.3310.20 37.30£0.19 37.2610.08 37.3040.07
Nickel 15.11 15.49+0.13 14.38+0.14 14.31+0.19 14.35+0.08

Al1a(CrMnFeNi)
Element . HVOF

Nominal Powder Runl Run? Run3
Oxygen - 0.54+0.03 6.70+0.14 7.62+0.09 6.3410.38
Nitrogen - 0.18+0.01 - - -
Carbon - 0.0310.01 - - -
Aluminum 7.36 7.34+0.03 7.2410.10 7.2240.11 7.0940.10
Silicon - 1.07+0.14 0.16+0.02 0.15+0.02 0.1940.01
Chromium 17.43 17.9340.10 16.80+0.19 16.95+0.17 16.86+0.04
Manganese 23.02 19.43+0.38 17.40+0.33 16.56+0.06 18.22+0.22
Iron 37.44 39.19+0.39 37.79+0.42 37.59+0.17 37.5040.21
Nickel 14.76 14.29+0.05 13.91+0.22 13.90+0.14 13.81+0.07




Table 7: Quantitative phase composition (in wt.%) of feedstock powders and coatings by Rietveld refinement of the XRD

patterns
Sample FCC BCC MO M'"M"; 04
Cantor powder 68.210.4 31.840.5 - -

Cantor Runl HVOF 74.310.1 - 7.1+0.6 18.610.4
Cantor Run2 HVOF 73.2+0.1 - 7.610.6 19.2+0.4
Cantor Run3 HVOF 73.840.1 - 7.5+0.6 18.7+0.5
Alo(CrMnFeNi) Powder 66.0+0.3 34.0+0.3 - -
Alo(CrMnFeNi) Run1 HVOF 75.810.1 1.8+0.1 - 22.4+0.7
Alo(CrMnFeNi) Run2 HVOF 73.2+0.1 1.5+0.1 - 25.4+0.6
Alo(CrMnFeNi) Run3 HVOF 77.8+0.7 - - 22.2+0.7
Al1o(CrMnFeNi) Powder 37.3+0.6 62.710.2 - -
Al1o(CrMnFeNi) Runl HVOF 51.7+0.2 34.310.2 - 14.0+0.6
Alo(CrMnFeNi) Run2 HVOF 52.740.3 26.4+0.2 - 20.9+0.7
Alo(CrMnFeNi) Run3 HVOF 55.9+0.2 23.3+0.2 - 20.8+0.5
Al14(CrMnFeNi) Powder 42.9+0.7 57.1+0.3 - -
Al14(CrMnFeNi) Runl HVOF 27.8+0.3 60.710.1 - 11.6+0.7
Al14(CrMnFeNi) Run2 HVOF 30.4+0.3 54.1+0.1 - 15.4+0.7
Al14(CrMnFeNi) Run3 HVOF 22.2+0.3 66.210.1 - 11.6+0.8

SEM micrographs shown in Figure 12A, C, E, and G reveal that the as-milled powder
particles exhibited an irregular shape, with some particles displaying visible cracks. Upon
closer examination in Figure 12B, D, F, and H, each particle was observed to consist of
tightly adherent thin sheets of material. The particles contained a uniform distribution of sub-
micrometric dark phases, which were rich in oxygen and occasionally contained traces of
sulphur, as reported in Figure 13. Consistently, chemical analysis by inert gas fusion
reported in Table 6 showed that all powders contained approximately 0.2 to 0.5 weight

percent oxygen, along with 0.17 to 0.18 weight percent nitrogen.

The proportion of metallic elements within these oxide inclusions sometimes differed from
the average composition of the alloy (Table 6). For example, spectra 1 and 4 in Figure 13C
and spectrum 4 in Figure 13B showed a higher concentration of Mn than the corresponding
base alloy. In a few cases, traces of sulphur were also detected (Figure 13A — spectrum 2;
Figure 13C — spectra 1 and 6). These inclusions likely resulted from the fragmentation of

oxidized shells on the surface of the original particles employed in the high-energy ball
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milling process, and/or from the uptake of trace amounts of contaminants within the vials,

despite the use of an inert atmosphere environment during the process.

Apart from these inclusions, the particles were chemically quite homogeneous, indicating
extensive interdiffusion during HEBM. Nevertheless, a few regions exhibited different
contrasts in backscattered electron imaging as seen in Figure 12B, D, F, and H. Figure 13
indicates that most of these areas were enriched in chromium, suggesting that chromium
had more difficulty in diffusing together within the other alloy elements, although some

regions were enriched in other elements, such as nickel.

Figure 12: Cross-sectional SEM micrographs (backscattered electrons) of the Cantor (A, B), Alo(CrMnFeNi) (C, D),
Alio(CrMnFeNi) (E, F), and Ali4(CrMnFeNi) (G, H) powders, HVOF spray-grade (A, C, E, G: overviews; B, D, F, H: details).
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Figure 13: Cross-sectional backscattered-electron SEM micrographs and quantitative EDX analyses of the feedstock
powders: Cantor (A), Alio(CrMnFeNi) (B) and Al14(CrMnFeNi) (C).

XRD patterns shown in Figure 14 indicated that the as-milled powders, including the Cantor
and Alo(CrMnFeNi) compositions, contained the BCC phase, with all diffraction peaks
appearing very broad. In contrast, the annealed Cantor powder shown in Figure 14A
exhibited substantially sharper diffraction peaks. The intensity of the BCC peaks decreased

relative to the as-milled powder as reported in Table 7, while weak diffraction peaks
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corresponding to a tetragonal o-phase appeared, with a quantified amount of approximately
6 wt.%.
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Figure 14: X-ray diffraction pattens of the feedstock powders and the coatings: Cantor (A), Alo(CrMnFeNi) (B), Alio(CrMnFeNi)
(C), Al14(CrMnFeNi) (D).

The structural and microstructural analyses of the powders confirmed that the high-energy
ball milling (HEBM) process induced significant lattice strain and microstructural refinement.
In the as-milled Cantor and Aly(CrMnFeNi) powders, the presence of a body-centered cubic
(BCC) phase alongside the expected face-centered cubic (FCC) structure suggests that the
severe plastic deformation during HEBM partially destabilized the FCC lattice. This effect,
together with incomplete interdiffusion, particularly of chromium, which tends to form BCC-
rich regions, led to the coexistence of multiple phases, as evidenced by the broad diffraction
peaks in Figure 14. The powder morphology also supported this interpretation: welded and
deformed lamellae, as well as microcracks within particles, indicate repeated cycles of
fracturing and cold-welding during milling. Furthermore, oxygen- and sulfur-containing
inclusions likely originated from the fragmentation of native surface oxides or slight
contamination during milling, as even trace amounts of oxygen in the inert-gas atmosphere

can react with freshly exposed metallic surfaces.
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3.2. a. Microstructure and phase composition of the coatings

The HVOF deposition of the four HEA powders resulted in reasonably high deposition
efficiencies, ranging from 50% to 60%. These values were nonetheless lower than the
approximately 68% efficiency obtained with the commercial Stellite-6 powder, as reported in
Table 8. Quantitative results obtained from image analysis, also summarized in Table 8,
indicated that the HVOF-deposited HEA coatings were very dense, with porosities often well
below 1% and lower than those measured for the Stellite reference. The coatings produced

by cold gas spraying exhibited similarly low porosities, generally below 1%.

The results further suggested that there were no major differences among the HVOF-
sprayed coatings deposited using the same feedstock powder but under different process
parameters. From the infrared pyrometer data, the maximum temperature (Tmax) reached
during spraying was extrapolated. The results showed no significant differences among the
different powders or between the various runs, with Tmax values ranging between 400 and
500 °C. A qualitative comparison of the microstructures of all coatings, as illustrated in Figure
15, Figure 16, Figure 17 and Figure 18, confirmed this observation. For this reason, only
selected deposition conditions are presented in Figure 19A—H to facilitate comparison.

Table 8: Porosity, thickness, deposition efficiency and oxide inclusion content (mean + standard deviation) of all the
coatings according to image analysis, and deposition efficiency.

Porosity Thickness | Thickness/pass DeP ?5|hon OXIde.
Sample ID (vol.%) [um] [um] efficiency Inclusions
(%) (vol.%)
Cantor Runl 0.24+0.05 |284+11 7.3 54.8 41.843.0
Cantor Run2 0.21+0.06 |281+22 7.2 54.2 43.543.1
Cantor Run3 0.17£0.03 |315+23 8.1 64.4 45.4+3.1
Alo(CrMnFeNi) Runl 0.69+0.24 |305+18 7.8 61.0 33.7+3.2
Alo(CrMnFeNi) Run2 0.84+0.33 [298+14 7.6 59.4 36.8t1.5
Alo(CrMnFeNi) Run3 0.35+0.08 |264+14 6.8 56.7 29.6£2.0
Al1p(CrMnFeNi) Runl 0.04+0.02 |263%10 6.7 59.7 31.7+0.7
Al1p(CrMnFeNi) Run2 0.02+0.01 |259+7 6.6 57.5 33.1+1.9
Al1o(CrMnFeNi) Run3 0.01+0.01 |252+8 6.5 56.5 33.613.7
Al14(CrMnFeNi) Runl 0.37£0.22 |264+13 6.8 52.3 22.2+2.0
Al14(CrMnFeNi) Run2 0.46+0.17 |252+11 6.5 50.4 25.9+2.0
Al14(CrMnFeNi) Run3 0.45+£0.15 |255+12 6.5 52.8 19.1+3.1
Stellite 0.94+0.51 |523+21 19.4 68.4 4.3+1.2
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Figure 15: Cross-sectional backscattered-electron SEM micrographs of the HVOF Cantor Run1 (A, B), Run2 (C, D), and Run3
(E, F) coatings, and EBSD maps of the HVOF Cantor Run2 sample: phase map (G) and inverse pole figure along the x-direction
—IPFX (H). Label 1 = columnar grains, 2 = fine equiaxed grains, 3 = coarser equiaxed grains.

Figure 16: Cross-sectional backscattered-electron SEM micrographs of the HVOF Alo(CrMnFeNi) Run1 (A, B), Run2 (C, D), and
Run3 (E, F) coatings, and EBSD maps of the HVOF Alo(CrMnFeNi) Run2 sample: phase map (G) and inverse pole figure along
the x-direction — IPFX (H). Label 1 = columnar grains, 2 = fine equiaxed grains, 3 = coarser equiaxed grains.
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Figure 17: Cross-sectional backscattered-electron SEM micrographs of the HVOF Al1o(CrMnFeNi) Run1 (A, B), Run2 (C, D),
and Run3 (E, F) coatings. Label 1 = columnar grains, 2 = fine equiaxed grains, 3 = coarser equiaxed grains.

Figure 18: Cross-sectional backscattered-electron SEM micrographs of the HVOF Al14(CrMnFeNi) Run1 (A, B), Run2 (C, D),
and Rung3 (E, F) coatings. Label 1 = columnar grains, 2 = fine equiaxed grains, 3 = coarser equiaxed grains.
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Figure 19: Cross-sectional backscattered-electron SEM micrographs of the HVYOF Cantor Run2 (A, B), Alo(CrMnFeNi) Run2 (C,
D), Alio(CrMnFeNi) (E, F), and Al14(CrMnFeNi) (G, H) coatings. Label 1 = columnar grains, 2 = fine equiaxed grains, 3 = coarser
equiaxed grains.
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The HVOF-sprayed HEA coatings also contained a substantial amount of oxide inclusions.
Image analysis performed on the SEM micrographs indicated that the oxide fraction ranged
from approximately 20 to 45 volume percent, as reported in Table 8. Quantitative EDX
analyses, summarized in Table 6, consistently showed oxygen contents ranging from 6 to
11 wt.%. Interestingly, the HVOF-sprayed Stellite coating exhibited a much lower oxide
content of about 4 vol.%, along with a correspondingly lower oxygen content measured by

quantitative EDX analysis, equal to 2.48 + 0.19 wt.%.

A more detailed characterization of the oxides in the HVOF HEA coatings can be found in
Figure 20, Figure 21, Figure 22 and Figure 23. EDX spectra revealed the formation of mixed
oxides in the HVOF-sprayed Cantor coating, as shown in the Supplementary Material in
Figure 20 (spectra 1 to 8), and in the HVOF-sprayed Alo(CrMnFeNi) coating, illustrated in
Figure 21 (spectra 1 and 3). In contrast, the HVOF-sprayed Al1o(CrMnFeNi) and
Al14(CrMnFeNi) coatings, presented in Figure 22 and Figure 23 respectively, exhibited two
clearly distinguishable types of oxides. The Al-rich oxides, corresponding to spectra 4 to 6
in Figure 22 and spectrum 4 in Figure 23, displayed a darker contrast in backscattered
electron imaging mode. Conversely, mixed oxides with lower aluminium content,
corresponding to spectra 7 to 9 in Figure 22 and spectrum 5 in Figure 23, appeared brighter.
The oxides within the HVOF coatings also showed two distinct morphologies: elongated
stringers located along the lamellar boundaries, and rounded inclusions embedded within
the lamellae. Examples of these rounded inclusions can be observed in Figure 21 (spectrum
1) and Figure 22 (spectrum 9). A portion of the rounded oxide inclusions may have originated
from oxides already present in the feedstock powders, as discussed previously. However,
many of these inclusions likely formed as a result of in-flight oxidation during the spraying
process. The amount and morphology of oxide inclusions varied with composition: mixed
(Cr,Fe,Mn,Ni)-oxides dominated in the Cantor and Aly,(CrMnFeNi) coatings, while thin, Al-
rich oxide stringers were more frequent in Al;, and Al;4,(CrMnFeNi) coatings, likely
contributing to their reduced overall oxygen content. The oxide morphologies, spherical
intra-lamellar inclusions and elongated inter-lamellar stringers, correspond to oxidation both
during flight and immediately after impact, consistent with literature on thermal spray

oxidation mechanisms.

During flight, the temperature of the particles approached or even exceeded 2000 °C,
allowing oxides that developed on the surface of molten droplets to exist in a liquid state.
Turbulent flow within the molten metal could then drag these oxides into the interior of the

droplet, leading to the mixing of two immiscible liquid phases of different densities, the
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molten oxide and the molten metal. As a result, the oxides adopted a spherical morphology,
as previously described in reference[151]. In contrast, the interlamellar stringers are
believed to have originated either from oxide scales that formed in flight but were not drawn
into the molten particle, or from post-impact oxidation of the solidified lamellae, also as

described in reference[151].

Examining the microstructure of the metallic phase revealed two distinct features within the
lamellae of the Al-containing coatings, namely Al1o(CrMnFeNi) and Al14(CrMnFeNi). The
darker phase, as shown in Figure 22 (spectrum 1) and Figure 23 (spectrum 1), was richer
in aluminium, while the surrounding matrix, illustrated in Figure 22 (spectra 2 and 3) and
Figure 23 (spectra 2 and 3), contained lower amounts of aluminium. It is likely that, in these
two-phase systems, comprising a body-centered cubic (BCC) and a face-centered cubic
(FCC) structure, as reported in Table 7, the Al-rich regions correspond to the BCC phase,
whereas the Al-poor regions correspond to the FCC phase. This dual-phase structure,
consistent with the thermodynamic tendency of Al to stabilize BCC lattices, persisted despite

rapid cooling.
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Figure 20: Cross-sectional backscattered-electron SEM micrograph of the HVOF Cantor Run2 coating with quantitative
results from EDX analyses performed at the locations marked on the micrograph.
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Figure 22: Cross-sectional backscattered-electron SEM micrographs of the HVOF Alio(CrMnFeNi) Run2 coating with
quantitative results from EDX analyses performed at the locations marked on the micrographs.
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Figure 23: Cross-sectional backscattered-electron SEM micrograph of the HVOF Al14(CrMnFeNi) Run2 coating with
quantitative results from EDX analyses performed at the locations marked on the micrograph.

The HVOF process fundamentally altered the structure of the feedstock powders by melting

most of the particles and rapidly resolidifying them into lamellar splats.

The HVOF-sprayed coatings, illustrated in Figure 19B, D, F, and H as well as in Figure 15,
Figure 16, Figure 17 and Figure 18, exhibited three distinct types of microstructural features.
The first consisted of thin, spread-out lamellae, mostly displaying a columnar grain structure,
as shown in Figure 19B, D, F, and H and in Figure 15, Figure 16, Figure 17 and Figure 18,
identified as label 1. The second type comprised less-flattened lamellae that often contained
small equiaxed grains, identified as label 2. The third type included poorly flattened or non-

flattened particles characterized by coarse equiaxed grains, identified as label 3.

These features, illustrated in Figure 15 to Figure 23, reflect a gradient of solidification
conditions, from planar to cellular growth regimes, driven by local temperature and impact
dynamics. The extremely high cooling rates associated with HVOF spraying suppressed
solute segregation and promoted solute trapping, resulting in chemically homogeneous
metallic lamellae, especially evident in the Cantor coatings. In contrast, the Al-containing
coatings exhibited two metallic phases with distinct contrasts in backscattered electron
imaging: an Al-rich BCC phase and an Al-poor FCC phase.
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The phase composition of the HVOF-sprayed coatings underwent significant changes
compared to that of the corresponding feedstock powders. In the case of the HVOF-sprayed
Cantor coatings, only the face-centered cubic (FCC) phase was detected, as shown in
Figure 14A and summarized in Table 7, with no evidence of the body-centered cubic (BCC)
phase that was originally present in the feedstock material. The HVOF-sprayed
Alo(CrMnFeN:i) coatings were predominantly composed of the FCC phase, although a minor
peak corresponding to the BCC phase was also observed, as reported in Figure 14B and
Table 7. In the Al1o(CrMnFeNi) coatings, the X-ray diffraction patterns revealed similarly
intense peaks for both the FCC and BCC phases, as illustrated in Figure 14C and Table 7.
For the Al14(CrMnFeNi) coatings, the BCC phase became predominant, accounting for most
of the structure, while the FCC phase represented approximately 20 to 30 weight percent,

as indicated in Figure 14D and Table 7.
In addition to the metallic phases, the XRD patterns of the HVOF-sprayed coatings displayed

diffraction peaks corresponding to oxide phases. Spinel-type oxides with the general formula
M'"M",0,, together with cubic MO oxides, were identified in the HVOF-sprayed Cantor
coatings, as shown in Figure 14A and reported in Table 7. The Alx(CrMnFeNi) coatings
exhibited only M'"M",0,-type oxides, as presented in Figure 14B to D and Table 7. The
quantitative analysis further revealed that the amount of the M'M",0, oxide phase
decreased progressively with increasing aluminium content in the alloy, from x = 0 to x = 14,

as summarized in Table 7.

The phase composition of the HVOF-sprayed coatings closely approached the equilibrium
phases expected near the alloy solidus temperatures, while reflecting the influence of rapid
solidification. The Cantor and Al,(CrMnFeNi) coatings were primarily FCC, with only minor
traces of BCC, whereas the Al;o(CrMnFeNi) and Al,,(CrMnFeNi) coatings exhibited both
FCC and BCC phases, the latter becoming predominant as aluminium content increased.
The persistence of some FCC phase in the Al;,(CrMnFeNi) composition, despite equilibrium
predictions favouring only BCC, suggests incomplete phase transformation due to kinetic
constraints during the rapid solidification process. The evolution of the oxide composition,
from mixed transition-metal oxides in the Cantor coating to Al-rich oxides in the Al-containing
samples, is consistent with the higher affinity of aluminium for oxygen. However, the Al-rich
oxides detected by SEM/EDX and their absence in the XRD patterns can be reconciled by
considering several concurrent effects. The atomic scattering factor of aluminium is
significantly lower than that of transition metals, resulting in intrinsically weak diffraction

peaks for Al-rich phases. Moreover, these oxides are typically localized along lamellar
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boundaries and form thin layers, so their overall volume fraction within the penetration depth
of conventional XRD is likely too small to produce detectable reflections above the
background. In addition, these Al-rich oxides often exhibit poor crystallinity or even an
amorphous structure, leading to broad and low-intensity peaks that are difficult to distinguish
in standard diffraction measurements.

All these factors: low scattering power of Al, surface localization, and limited crystallinity; are
consistent with local EDX observations showing Al- and O-enriched regions surrounding the
lamellae. This experimental picture supports the proposed mechanism whereby the
formation of Al-rich oxides along lamellar boundaries acts as an effective barrier to oxygen
diffusion, thereby protecting the transition metals from extensive oxidation and reducing the
overall fraction of spinel-type oxides (MM,0O,) observed in the Al-containing coatings, such

as Al1a.
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3.3. a. Micro- and nano-mechanical properties

The Vickers microhardness measurements revealed distinct differences among the
coatings, reflecting the influence of alloy composition and processing conditions on their
mechanical response (Table 9). The HVOF-sprayed Cantor and Al14(CrMnFeNi) coatings
exhibited the highest hardness values, ranging between approximately 500 and 570 HV,
while slightly lower hardness values were recorded for the Alo(CrMnFeNi) and
Al1o(CrMnFeNi) coatings, in the range of 430—470 HV and 480-500 HV, respectively. The
HVOF-sprayed Stellite reference coating displayed somewhat higher hardness than the
HEA-based coatings, consistent with its cobalt-rich matrix and lower ductility. These results
suggest that increasing aluminium content leads to moderate variations in hardness, likely
associated with changes in phase composition, solid-solution strengthening, and
microstructural refinement induced by the spraying process.

Table 9: Vickers microhardness (HV) by depth-sensing Vickers micro-indentation, elastic modulus (EIT) by spherical
nano indentation.

Sample ID HVo3| Eir[GPa]
Cantor Runl 531429 17145
Cantor Run2 516129 16214
Cantor Run3 533438 16116
Alo(CrMnFeNi) Run1 464+28 15745
Alo(CrMnFeNi) Run2 435137 15944
Alo(CrMnFeNi) Run3 436122 16214
Alio(CrMnFeNi) Runl 487+16 13745
Alio(CrMnFeNi) Run2 494135 14615
Al1o(CrMnFeNi) Run3 508+25 14814
Al14(CrMnFeNi) Run1l 501+24 16414
Al14(CrMnFeNi) Run2 574+31 16943
Al14(CrMnFeNi) Run3 574163 168+3
Stellite 584465 21246

To obtain a more detailed characterization of the micromechanical properties of the coatings
and to probe the intrinsic hardness and modulus of the individual phases, nanoindentation
mapping was performed on selected HVOF-sprayed samples, as described in section 2.3.2
Since no significant variations were observed among coatings produced under different
process parameters, only one representative sample was analysed for each alloy
composition. The low indentation load enabled high spatial resolution, allowing the local

mechanical properties of distinct microstructural constituents to be resolved.

The resulting hardness maps (Figure 24) clearly reflected the heterogeneous lamellar

microstructure typical of the HVOF-sprayed coatings. Harder regions corresponded to oxide
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inclusions, whereas softer areas were associated with the metallic matrix within the lamellae.
Fluctuations in hardness at the intra-lamellar level were also evident. As illustrated in Figure
25, some indentations within the oxide regions did not yield reliable load—displacement

curves, likely due to the brittle nature and limited thickness of these features.

The data were further analysed through distribution plots representing the fraction of
measurement points within specific hardness and modulus intervals. Fitting Gaussian
functions to these distributions (Figure 25 and Figure 26) allowed identification of distinct
mechanical sub-populations within the coatings, each corresponding to a specific
microstructural phase. The mean and standard deviation of hardness and elastic modulus
for each sub-population were extracted from the fitted curves. There is no guarantee that a
‘mechanical phase” identified by this fitting process matched exactly with an actual phase
identified by structural and microstructural investigations, but the good spatial matching
between microstructural features and distinct hardness values seen in Figure 25 suggests
that an association is possible.

As summarized in Table 10, all HVOF-sprayed coatings exhibited at least one sub-
distribution with an average hardness above 10 GPa, confirming the presence of hard,
oxide-rich regions embedded in a softer metallic matrix. Depending on the composition,
either two (e.g., HVOF Cantor Run 2) or three (e.g., Al-containing coatings) mechanical sub-
distributions were observed. While the hardness differences among the sub-distributions
were clearly distinguishable, the corresponding variations in elastic modulus were
comparatively smaller and often within the same standard deviation range.

HVOF Cantor Run2 HVOF Aly(CrMnFeNi) Run3 HVOF Al,,{CrMnFeNi) Run3 HVOF Al,,(CrMnFeNi} Run3
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Figure 24: Hardness maps obtained from high-speed nanoindentation with 2.5 um spacing between indents. Note: The
represented areas are cropped from the actual map sizes, and all samples have been standardized to the same region of
interest (ROI) to illustrate comparative differences effectively
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Figure 25: Example of nanoindentation results for the HVOF-sprayed Al,(CrMnFeNi) Run3 coating. Optical micrograph of
the indented area, along with maps of elastic modulus and indentation hardness, and the corresponding distribution plots.
The distributions were fitted with Gaussian sub-distributions to determine the average hardness and elastic modulus (+
standard deviation) associated with each mechanical phase. The circled regions mark extremely brittle oxide areas that
fractured during indentation and did not yield reliable measurements, while the arrows highlight the harder oxide inclusions

and the softer metallic phases within the lamellar structure.
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Figure 26: Distributive curves of indentation hardness obtained by high-speed nanoindentation for the analyzed samples.
Each plot shows the histogram representing the fraction of indentations within specific hardness ranges, the overall fitted
curve obtained using the Gaussian Mixture Model (GMM) algorithm, and the individual Gaussian components

corresponding to distinct mechanical phase distributions.
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Table 10: Results of least-squares fitting of the nanoindentation data distributions using Gaussian functions. For each
identified distribution, the mean * standard deviation is reported, and the percentage values in parentheses indicate the
fraction of the total data associated with that distribution.

Eir [GPa] Hir [GPa]
Sample

Phase 1 Phase 2 Phase 3 Phase 1 Phase 2 Phase 3
Cantor 184+33 203125 8.611+1.24 12.03+£1.26
Run2 ) (27%) (73%) ) (83%) (17%)
Alo(CrMnFeNi) 247154 192451 228451 5.5610.95 7.10£1.12 9.65+1.41
Run3 (14%) (79%) (7%) (45%) (40%) (15%)
Alo(CrMnFeNi) | 135+13 172121 211+17 4.87+0.92 7.07£1.16 10.45+1.13
Run3 (18%) (72%) (10%) (22%) (67%) (11%)
Al14(CrMnFeNi) | 168120 202+18 244114 6.4310.92 8.41+0.88 10.57+0.77
Run3 (8%) (89%) (3%) (15%) (78%) (7%)

These observations can be further interpreted by considering the mechanical implications
of the oxide inclusions and the multi-phase microstructure. Some of the interlamellar oxide
inclusions present in the HVOF-sprayed HEA coatings likely fractured or collapsed during
indentation, leading to a local reduction in the measured hardness and modulus.
Nevertheless, many oxide inclusions exhibited extremely high hardness values, confirming
that several of these oxides were dense and mechanically strong. This dual behaviour
explains the coexistence of very hard and locally brittle regions within the coatings, as

already highlighted by the nanoindentation maps (Figure 24 and Figure 25).

The distribution of indentation hardness values revealed the presence of distinct mechanical
sub-populations within each coating. In the case of the HVOF-sprayed Cantor coating, two
main hardness distributions were identified: a predominant one centered around 8.5 GPa,
attributed to the FCC metallic matrix, and a secondary one at approximately 12 GPa,
associated with the harder oxide inclusions. The high hardness of the matrix compared with
that of the bulk Cantor alloy can be explained by the fine grain size and the presence of
numerous nano-oxides acting as dispersion-strengthening particles.

The nanohardness values of both the FCC and BCC phases were significantly higher than
those typically reported for bulk high-entropy alloys, which are generally in the range of 150—
200 HV for FCC and 500-650 HV for BCC materials[152].

For the Al-containing coatings, three hardness sub-distributions were observed. The lowest
hardness values (= 5.5-6.5 GPa) corresponded to the softer FCC phase, the intermediate
ones (= 7-8 GPa) to the harder BCC phase, and the highest values (= 9.5-10.5 GPa) to
dense, defect-free oxide inclusions. As the Al content increased, the fraction of data
corresponding to the FCC phase decreased, while that of the BCC phase increased, in

agreement with the phase evolution described before. Conversely, the fraction of data
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associated with the hardest oxide inclusions diminished, consistent with the observed
reduction in oxide volume fraction.

Overall, the micromechanical data confirm that the combination of metallic and oxide phases
governs the mechanical response of the HVOF-sprayed HEA coatings. The strong, finely
distributed oxides contribute significantly to hardness and work-hardening behaviour by
impeding dislocation motion, while their brittle nature may locally limit ductility. These results
highlight the complex balance between strengthening and embrittlement mechanisms

induced by oxide formation and Al addition in these multicomponent systems.
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3.4. a. Sliding wear behaviour

The specific wear rates of the HVOF-sprayed HEA coatings in the ball-on-disc tests (Figure
27A) spanned approximately one order of magnitude. These values were mainly grouped
according to alloy composition, with no signific

ant influence from the deposition parameters. The specific wear rate increased progressively
from Cantor coatings, which exhibited the lowest values of about 6—-8 x 10~> mm®/(N-m), to
the Al,(CrMnFeNi) (~1 x 107* mm?®(N-m)), Al,,(CrMnFeNi) (~2-5 x 10~* mm®/(N-m)), and
Al,,(CrMnFeNi) (~5-8 x 10~* mm®/(N-m)) coatings. Similarly, the Cantor and Al,(CrMnFeNi)
coatings produced the lowest wear losses on the counterpart (Figure 27B), whereas the
Al,,(CrMnFeNi) and Al,,(CrMnFeNi) coatings caused higher counterpart wear. In all cases,
the wear rates of the balls were at least one order of magnitude lower than those of the
coatings. Conversely, the steady-state friction coefficients followed an almost inverse trend
(Figure 27C): the Cantor and Al,(CrMnFeNi) coatings exhibited friction coefficients around
0.6, while slightly lower values, around 0.56, were recorded for the Al;o(CrMnFeNi) and
Al;14(CrMnFeN:i) coatings.

Stellite coating, used as a reference, displayed a lower specific wear rate than all the HEA-
based coatings (~4 x 10=°> mm®/(N-m), Figure 27A). It also caused lower counterpart wear
(~2.3 x 10”7 mm°®/(N-m), Figure 27B) but exhibited a higher steady-state friction coefficient
(~0.66, Figure 27C). These results are consistent with previous studies on HVOF-sprayed
Stellite-6 coatings, which showed similar wear and friction behaviour under comparable test
conditions[153]. The complete friction curves from all tests (Figure 28) confirmed that the
HEA coatings, regardless of composition, reached steady-state friction rapidly, while the
Stellite coating exhibited an initial transient stage of lower friction before stabilizing at higher

values.
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Figure 27: Quantitative results of the ball-on-disc sliding wear tests: specific wear rates of the coated samples (A) and
the balls (B), and steady-state friction coefficients (C). Note: the tests on the HVOF-sprayed Cantor coatings were done
over 5000 m to improve the accuracy of the results on account of the lower wear volume.
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Figure 28: Friction curves of Cantor (A), Alo(CrMnFeNi) (B), Alio(CrMnFeNi) (C), Al14(CrMnFeNi) (D) and Stellite
reference (E) samples.

SEM micrographs of the worn surfaces of the HVOF-sprayed Cantor coatings revealed a
combination of ductile tearing (Figure 29A, B, label 1) and oxidized clusters (darker contrast,
label 2). On the corresponding ball surfaces, bright metallic transfer patches (Figure 30A,
label 1) and dark oxidized debris (label 2) were observed. Cross-sectional images (Figure
31A) showed an irregular submicrometric layer of compacted oxidized debris partially
covering the worn surface. In regions where the metallic surface was exposed (Figure 31B),
the morphology was rough and irregular, showing signs of lip extrusion along the sliding
direction (label 1). In several areas, oxide inclusions contained within the coating had
emerged at the surface (Figure 31A, B, label 2).
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For the HVOF Al;o(CrMnFeNi) (Figure 29C, D) and Al,4(CrMnFeNi) coatings (Figure 29E,
F), coarser evidence of plastic flow was observed together with fewer oxidized clusters.
Supplementary analyses (Figure 32) showed that the oxygen content detected along the
worn surfaces decreased progressively with increasing Al content, with the highest oxygen

levels found in the Cantor coatings. The counterpart surfaces after sliding against the Al-

containing coatings (Figure 30B—-D) were also covered with bright metallic transfer patches.

e

Figure 29: SEM micrographs (secondary electrons) of the ball-on-disc wear tracks on the HVOF-sprayed Cantor Run2
(A, B), Alio(CrMnFeNi) Run3 (C, D), and Al14(CrMnFeNi) Run3 (E, F) coatings. A, C, E: overviews; B, D, F: details.
Labels: 1 = ductile tearing; 2 = tribo-oxidized clusters; 3 = plastic extrusion of lips.

86



i I 4 Qﬁ,}i B 0 . ; g e . . L
Figure 30: Optical micrographs of the worn surfaces of the ball counterparts after sliding wear testing against the HVOF-
sprayed Cantor Run2 (A), Alo(CrMnFeNi) Run1 (B), Alio(CrMnFeNi) Run2 (C) and Al14(CrMnFeNi) Run1 (D) coatings.
Labels: 1 = transferred metal; 2 = tribo-oxidized cluster.

et

T S L i
Figure 31: SEM micrographs (backscattered electrons) of the cross-sections of the ball-on-disc wear tracks on the
HVOF-sprayed Cantor Run2 (A, B) and Al14(CrMnFeNi) Run1 (C, D) coatings. The arrows in panel A indicate an oxide
tribofilm; those in panel C indicate a plastically deformed layer of retransferred debris; the arrows in panel D indicate a
plastically deformed surface layer, with the dashed line indicating the direction of surface plastic flow. Labels: 1 =
plastically extruded metal lip; 2 = oxide inclusion exposed to the surface.
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Figure 32: Cross-sectional backscattered-electron SEM micrographs of the HVOF Cantor Run2 (A), Al1o(CrMnFeNi)
Run2 (B), Al14(CrMnFeNi) Run2 (C), and Stellite (D) coatings with quantitative results from EDX analyses performed at
the locations marked on the micrographs.

On the polished cross-section of Al;,(CrMnFeNi) coating, two characteristic surface features
were identified. Figure 31C shows a slightly brighter layer, likely corresponding to a sheared
lip of metal detached and re-deposited onto the worn surface. Figure 31D reveals ductile
shearing of the metallic phase, with material dragged along the sliding direction, forming a
thin surface layer. Compared with the HEA coatings, the Stellite coating exhibited a much
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narrower wear track (Figure 33A), characterized by the absence of severe ductile tearing

and by the presence of small pits and shallow abrasive grooves (Figure 33B).

200 pm 10 um

Figure 33: SEM micrographs (secondary electrons) of the ball-on-disc wear tracks on Stellite coating (A, B). A overview;
B detail. Label 1 = micro-pit.

These tribological observations can be rationalized by considering the competing roles of
phase constitution, oxide inclusions, and near-surface deformation. The progressive
increase in specific wear rate from the Cantor to the Al-containing HEAs indicates that higher
fractions of the BCC phase, together with a reduced occurrence of oxide inclusions at the
surface, favour adhesive-dominated material removal under the present sliding conditions.
Consequently, overall sliding resistance did not correlate simply with bulk or as-deposited
hardness: coatings with higher measured hardness, i.e. Al;4(CrMnFeNi), suffered greater
wear because the contact produced extensive plastic flow and adhesive transfer that

overwhelmed any benefit from a harder matrix[124], [154]-[157].

Dense, well-bonded oxide inclusions that remained stable under contact acted protectively
by bearing part of the load, interrupting the continuity of the ductile metal phase, and limiting
the size of metal fragments removable by single tearing events [158]. Where such stable
oxides accumulated, tribo-oxidized debris formed compacted surface clusters that reduced
direct metal-to-metal contact and thus lowered wear. Conversely, coatings with fewer or
weaker oxide inclusions developed more extensive plastic deformation and larger-scale
adhesive tearing, which produced the higher wear rates and extensive transferred lips of
metal observed on the counterpart[159]-[161].

Stellite reference, based on the literature, it is known that during sliding it developed a hard,
stress-induced surface layer that limited adhesive tearing and produced a much narrower
wear track. The formation of this hard surface layer shifted the dominant wear mode toward
slow delamination and mild abrasion, reducing wear loss even though steady-state friction
increased[153], [162]. This highlights that stress-induced surface hardening (e.g.,
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martensitic-like transformation or other transformation/twinning mechanisms) can be more

effective at improving sliding wear resistance than as-deposited hardness alone.

Taken together, these findings suggest two practical design guidelines for HEA sliding
applications: promote stable, well-distributed hard inclusions or oxide phases that can
sustain contact loads without catastrophic fragmentation, to reduce adhesive tearing and
enable the formation of protective tribo-layers[158]; and target alloying strategies or
microstructures that enable stress-induced surface hardening (TRIP/TWIP or transformation
mechanisms) during sliding, rather than relying solely on higher as-deposited
hardness[163]. Finally, the observed decrease in friction with increasing adhesive wear (and
lower oxide content) can be attributed to the larger extent of metallic transfer and smoother
metal-metal contact produced by severe adhesive flow, whereas oxide-rich surfaces tend

to sustain higher tangential forces despite offering better wear protection[164], [165].
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3.5. a. Electrochemical polarization results

The electrochemical polarization curves (Figure 34) showed that Cantor coatings had the
highest rest potential, and their anodic behaviour featured an initial pseudo-passive stage
at current densities of 107° — 10> A/cm?, lasting up to an anodic overpotential of +200 mV
vs. OCP. This was followed by transpassivation, with a rapid current increase to the order of
1072 Alcm?,

For the HVOF-sprayed Alx(CrMnFeN:i) coatings, both electrochemical nobility and the range
of pseudo-passivity decreased progressively with increasing Al content. The Alo(CrMnFeNi)
coatings still exhibited some pseudo-passivity, but the current was less stable, with frequent
spikes suggesting transient formation of metastable pits; breakdown occurred at
approximately +100 mV vs. OCP. The Al1o(CrMnFeNi) and Al14(CrMnFeNi) coatings were

less noble and showed nearly continuous anodic activation with minimal pseudo-passive

behaviour.
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Figure 34: Representative electrochemical polarization curves for the metal coated material / deposition process combination
explored in this work.

These trends were reflected in the corrosion current densities and corrosion potentials
derived from Tafel analysis (Figure 35A, B). The Cantor and Alo(CrMnFeNi) coatings

exhibited low corrosion current densities, 0.4—0.6 pyA/cm?, with Ecor around -150 mV vs.
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Ag/AgCI/KCl(sat.) for Cantor and -220 to -270 mV for Alo(CrMnFeN:i). Al1o(CrMnFeNi) and
Al14(CrMnFeNi) coatings showed slightly higher corrosion current densities, rarely
exceeding 1 yA/cm?,

The HVOF-sprayed Stellite reference was less noble than all HYOF-sprayed HEA samples
(Figure 34, Figure 35B), with a higher corrosion current density (~1.5 pA/cm?). However, it
exhibited a wider pseudo-passive range (~350 mV), and after the initial breakdown, current

density increased only to ~5x10~* A/lcm?, rising further only at the highest overpotentials.
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Figure 35: Corrosion current density (Icorr) and corrosion potential (Ecorr) values for all the metal coatings.
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Cross-sectional analysis of the corroded coatings (Figure 36) revealed that the upper
portions of the HVOF-sprayed HEA coatings developed a severely damaged layer at the
end of the anodic polarization stage (Figure 36). A mostly metallic layer remained on the
outer surface, indicating that corrosion was more severe immediately below the surface,
with attack propagating through lamellar boundaries and individual lamellae, leaving behind
a skeleton of oxide inclusions and residual metal strips. Penetration was likely favoured by
defects in the interlamellar oxide inclusions and at the oxide-metal interfaces. Spinel-type
oxides, being electrically conductive, may have acted as cathodes, accelerating anodic
dissolution of the metal. The mechanism was probably akin to crevice corrosion: limited
oxygen access to the coating interior hindered passivation, promoting metal dissolution just

below the outer “skin” (Figure 36).

Figure 36: SEM micrographs (backscattered electrons) of the cross-sections of Al14(CrMnFeNi) Run1 coating after the
electrochemical polarization test: overview (A) and detail (B).

The results showed that the corrosion resistance of the HEA coatings worsened with
increasing Al content. This is consistent with literature findings for bulk HEAs[166]—[170]:
corrosion current density increases with Al addition, and passivation ability deteriorates. This
behaviour is attributed to the formation of a 2-phase microstructure (BCC + FCC), which
promotes galvanic coupling and destabilizes the passive film. The corrosion current density
values of the HVOF HEA coatings (Figure 35) are comparable to those reported for bulk
transition metal-based HEAs with and without Al, typically 10~ to 10~ A/lcm? in aqueous
NaCl solutions[167], [170]. Similarly, other thermally sprayed HEA coatings, such as HVOF-

sprayed equiatomic AICrFeCoNi[171], show corrosion current densities of ~10~" A/lcm?.
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The correspondence between these literature values and the present results supports the
conclusion that the early breakdown observed here is primarily governed by coating-specific

microstructural features rather than intrinsic alloy chemistry alone.

Overall, these observations indicate that the deposition process and microstructural features
strongly influence corrosion behaviour. The lamellar structure in HVOF coatings allows
corrosive agents to penetrate along interlamellar boundaries, and the oxide inclusions can
exacerbate metal dissolution if they are electrically conductive, since in this case they would
generate galvanic couples where the metal likely acts as the anode. Although it is not
possible to establish experimentally whether this is the case, it is noted that spinel oxides of
transition metals, such as those found in the present coatings (Section 3.3) often exhibit
some electrical conductivity. A mostly metallic outer layer remains, highlighting that the most
severe corrosion occurs beneath the surface. Considering these findings, the reduced
passivation behaviour observed in the polarization curves, particularly the early loss of
pseudo-passivity in Al-rich compositions, can be attributed to the interplay between lamellar
defects, oxide inclusions, and microstructural heterogeneity introduced by the HVOF
process. Future research could explore whether modifications in feedstock powder
treatment or post-deposition annealing could improve corrosion resistance by promoting full

recrystallization and homogenization of the microstructure.
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3. b. Cermet coatings

3.1. b. Size distribution, microstructure, and phase
composition of the powders

The powders obtained through the High-Energy Ball Milling (HEBM) process (Figure 37)
exhibited a morphology characterized by slightly angular particles, most of which, however,
maintained an overall equiaxed shape. This specific morphology results from the dynamic
equilibrium established during HEBM between particle fracturing and cold-welding events,
which continuously compete to achieve a state of mechanical and chemical balance. Such
a balance promotes the formation of aggregates with a homogeneous internal composition.
Despite their irregular appearance, the powders demonstrated adequate flowability,
ensuring a stable and uniform feed during the subsequent thermal spraying operations.
The particle size analysis revealed that all powders exhibited rather similar distributions,
consistent with the nominally expected values. Their characteristic parameters are
summarized in Table 11. Among the different compositions, the Aly(CrMnFeNi)+60TiC
powder showed slightly smaller di, and ds, values, indicating the presence of finer
fragments, as visible in Figure 37C. In contrast, the AICuCrFeNi+60TiC powder displayed a
marginally narrower distribution range (smaller d,,—doo Span), suggesting a more uniform
particle size distribution compared with the other systems.

Table 11: Density by helium pycnometry and characteristic values (10th, 50th, and 90th percentiles) of the particle size
distributions of the HEBM feedstock powders.

Powder Density [g/cm?®] d1o [pm] dso [pm] doo [pm]
Cantor+60TiC 6.07 18 35 62
Al(CrMnFeNi)+60TiC 5.89 16 31 55
Ali4(CrMnFeNi)+60TiC 5.59 18 35 61
AlCuCrFeNi+60TiC 6.89 21 33 53
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Figure 37: Backscattered-electrons SEM micrographs of the HEBM feedstock powders: Cantor+60TiC (A, B),
AlO(CrMnFeNi)+60TiC (C, D), Al14(CrMnFeNi)+60TiC (E, F), AICuCrFeNi+60TiC (G, H). Overviews (A, C, E, G) and
details (B, D, F, H).

® «

() o - S
s @ *

96



When observed at higher magnification (Figure 37B, D, F, H), the powders revealed a
uniform distribution of the hard-phase particles, which could be easily identified by their
darker contrast in backscattered-electron imaging. No interfacial voids or detachment were
detected between the hard phase and the surrounding metallic matrix, suggesting good
interfacial cohesion. The hard-phase particles exhibited a broad size distribution, ranging
from micrometric to submicrometric and even nanometric dimensions, confirming the high
degree of refinement induced by the milling process.

The EDX spectra (Figure 38: spectra 1, 2, 5) confirmed that titanium represented the main
component of the carbide phase, whereas molybdenum appeared only occasionally as an
impurity (notably in spectrum 1). Minor signals from matrix elements such as Cr, Mn, Fe, Ni,
and Al were also present. These can be attributed to the finite dimensions of the X-ray
generation volume, which under the given experimental conditions extended approximately
1.3 ym in depth and 0.7 ym in radius, overlapping partially with the matrix. The quantitative
data reported in Table 12 indicate that, in certain cases (particularly spectrum 2), the
chromium content relative to the other matrix elements (Al, Mn, Fe, Ni) was higher than
expected from the nominal composition (see, for comparison, spectrum 4). This observation

suggests that Cr, being the element with the second-highest affinity for carbon after Ti, might

have partially participated in the carbide formation process and become dissolved within the
TiC lattice.
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Figure 38: High-magnification backscattered-electron SEM micrograph of the Al14(CrMnFeNi)+60TiC powder (A) with
corresponding EDX spectra (B).
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Table 12: Quantitative results from the EDX spectra shown in Figure 38B, in mass% (normalized to 100).

Spectrum |C O Al Ti Cr Mn Fe Ni Mo

1 11.6 1.5 0.7 76.2 2.5 0.4 3.8 0.7 2.5
2 13.8 1.1 0.8 73.2 3.4 2.0 4.2 1.5 0.0
3 2.0 0.4 2.0 17.4 4.1 1.8 70.8 0.7 0.9
4 3.6 1.0 3.3 46.8 7.2 11.6 20.4 6.1 0.0
5 12.3 0.6 1.3 68.5 3.2 3.7 8.2 1.8 0.4

The overall composition of the powders, summarized in Table 13, confirmed good
agreement with the nominal formulations. Minor deviations were associated with the
presence of impurities such as Mo, W, and Nb, likely originating from residuals of previously
processed hardmetal systems in the same production equipment. The metallic matrix
appeared relatively homogeneous in all samples (Figure 37B, D, F, H), indicating that the
mechanical energy transferred during HEBM was sufficient to promote interdiffusion among
the metallic elements. Nonetheless, some small-scale compositional inhomogeneities could
still be observed as faint streaks of varying contrast in the backscattered-electron images.
As an example, spectrum 3 corresponds to a Fe-rich area in the Al14(Cr;oMn,sFeyoNiss)
matrix, although similar features were detected in all powders, suggesting that minor

segregation phenomena occurred during milling.
In the case of the Al;14(CrMnFeNi)+60TiC powder, the carbon content was slightly below the

nominal range (approximately 9-10 wt.%).

Table 13: Overall composition of the powders, computed by quantitative analysis on EDX spectra acquired on 400%
micrographs and elemental analysis. Results were normalized to 100.

Element Cantor+60TiC | Alo((CrMnFeNi)+60TiC | Ali4(CrMnFeNi)+60TiC | AlCuCrFeNi+60TiC
Carbon’ 9.27+0.20 N/A? 7.10+0.05 10.44+0.37
Nitrogen' 0.19+0.01 0.09+0.01 0.20+0.01 0.10+0.01
Oxygen' 0.75%0.01 0.51+0.01 0.69+0.02 0.39+0.01
Aluminum 0.17+0.03 0.51+0.07 3.58+0.23 2.32+0.17
Titanium 35.75+0.39 40.52+0.66 42.34%0.22 37.40+0.24
Chromium 9.82+0.22 10.29+0.07 9.46%0.22 8.69+0.09
Manganese 8.99+0.11 12.15+0.38 6.44+0.05 0.67+0.01
Iron 14.75+0.25 27.07+0.46 23.02+0.16 11.75+0.15
Cobalt 9.94+0.08 - - -
Nickel 10.06+0.04 8.56+0.41 6.63+0.27 17.99+0.45
Copper - - - 10.25+0.40
Molybdenum - 0.32+0.16 0.31+0.06 -
Tungsten - - 0.23+0.13 -
Niobium 0.31+0.06 - - -

" Measured by elemental analysis
2 Not measured due to instrument malfunction
X-ray diffraction analyses (Figure 39) confirmed that TiC was the predominant hard phase

in all powder compositions. The small presence of other elements such as Cr in the carbide
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phase, as suggested by EDX data, can be attributed to limited substitutional solubility within
the TiC lattice, without the formation of distinct secondary phases. No peaks corresponding
to unreacted Ti or graphite were detected, indicating that the carbide formation reaction was
essentially complete during the HEBM process. The only exception was the
Al14(CrMnFeNi)+60TiC powder, which exhibited unreacted Ti consistent with the carbon
deficiency noted in the chemical analysis.

As already discussed in Section 3.1.a., the appearance of a BCC fraction in mechanically
alloyed high-entropy systems is consistent with our earlier observations; the behaviour
previously identified in purely metallic powders (Figure 39A,B) reappears here in the cermet
powders as well, confirming that the severe plastic deformation and lattice disorder
generated during HEBM promote the formation of a metastable BCC component even in
alloys that are thermodynamically expected to be predominantly FCC. The large number of
defects and the associated internal stresses, evidenced by the considerable broadening of
the diffraction peaks, may have destabilized the densely packed FCC structure, favouring
the formation of the less compact BCC phase. Additionally, the incomplete homogenization
of the alloying elements at the end of milling could have locally enriched certain regions in

Fe or other BCC-stabilizing elements, further promoting this structural transformation.
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Figure 39: XRD patterns of the HEBM feedstock powders and the corresponding HVOF-sprayed coatings: Cantor+60TiC
(A), AlIO(CrMnFeNi)+60TiC (B), Al14(CrMnFeNi)+60TiC (C), AICuCrFeNi+60TiC (D).
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Quantitative phase analysis by Rietveld refinement in Table 14 revealed some variability in
TiC content among the different compositions. However, when considering the relative
densities of the phases, the resulting TiC volume fractions were all reasonably close to the
nominal value of 60 vol.%. It should be noted that these results are to be regarded as semi-
quantitative, as the accuracy of the refinement is inherently limited by the uncertainties
associated with the structure factors of the analysed phases. This limitation is particularly
relevant for the FCC and BCC random solid solutions typical of High-Entropy Alloys, since
the details of their unit cell, which are needed to compute the structure factor, are not known
with the same accuracy as for more conversional and widely studied alloys. This is also true
for TiC containing minor substitutional elements such as Cr, which introduce a deviation from
the well-documented lattice of pure TiC.

Table 14: Quantitative phase composition (in wt.%) of the feedstock powders and the coatings by Rietveld refinement of

the XRD patterns.
Sample FCC BCC TiC Ti TiC1x MO MTiO;
Cantor+60TiC powder 52.4+0.3 | 8.2+0.4 | 39.4+0.6 | - - - -
Cantor+60TiC Run1 39.640.3 | - 29.1:0.2 | - 23.6:0.4 | - 7.7+0.5
Cantor+60TiC Run2 41.1%0.3 | - 28.9:0.2 | - 21.8:0.4 | - 8.2+0.6
Cantor+60TiC Run3 37.4%0.3 | - 27.8+0.2 | - 26.2+0.5 | - 8.6+0.6
Alo(CrMnFeN)*60TIC | 33 o104 | 8.8+0.4 | 57.740.2 | - ; ; ;
Powder
gfj’(ﬁr MnFeNi)+60TIC | 3/ £10.3 | 2.040.1 | 36.820.2 | - 15.540.4 | 3.540.9 | 7.7+0.3
A,;fj’ff;’ MnFeNi)+60TIC | 54 3100 | 2.5:0.4 | 34.420.2 | - 18.6+0.4 | 4.040.4 | 9.2+0.3
Alo(CrMnFeNi)+60Ti
Rsr(g nFeN)*60TIC | »g 7104 | 2.540.4 | 33.5:0.2 | - 19.840.4 | 4.4+0.9 | 10.140.3
Al(CrMnFeNi)+60Ti
1#(CrMnFeN+60TIC | o 03 | 33.120.3 | 42.940.2 | 16.240.7 | - - -
Powder
Al.(CrMnFeNi)+60Ti
RL;;(? nFeN)+60TIC | 55 640.5 | 27.310.3 | 38.240.2 | - 3.840.5 |8.1+0.8 | 2.140.4
Al(CrMnFeNi)+60Ti
RL;;(ch nFeN)*60TIC | ) 840.5 | 25.740.3 | 36.120.2 | - 3.940.5 | 10.940.9 | 2.6+0.5
ARZ;(ng”FeN')+60T’C 20.340.4 | 25.240.2 | 34.140.2 | - 4.6+0.5 | 12.4+0.9 | 3.4+0.5
AICUCrFeNi+60TiC 49.7+0.4 | 1.8+0.2 | 48.5+0.2 | - ] ] ]
Powder
—
AR:C;;‘;& FeNi+60TIC 43.4+0.2 | 0.540.1 | 46.6+0.1 | - 1.140.1 | 7.940.5 | 0.5+0.2
—
AR:%& FeNi+60TiC 44.7+0.2 | 0.640.1 | 45.4+0.1 | - 0.5+0.2 | 8.540.3 | 0.3+0.1
—
AR:%& FeNi+60TiC 44.3+0.2 | 0.740.6 | 45.040.2 | - 0.6+0.1 | 9.140.3 | 0.4+0.1
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3.2. b. Microstructure and phase composition of the coatings

For each powder composition, the three coatings produced under varying gas flow rates did
not reveal significant microstructural differences, a trend consistent with what was already
observed for the purely metallic coatings in Section 3.2.a. Overall, the findings indicate that
HVOF-sprayed coatings fabricated from the same feedstock powder show minimal variation,
even when deposited under different processing conditions. Infrared pyrometer
measurements were used to extrapolate the maximum spraying temperature (Tmax). The
results revealed comparable maximum temperature values across all powders and
deposition runs, ranging between 400 and 500 °C. This observation can be qualitatively
appreciated in Figure 40, using the Cantor+60TiC samples as an example. Quantitative
analysis of coating thickness and porosity (Table 7) confirmed that variations among the
different deposition runs were generally small or negligible for all four materials.
Consequently, for the sake of clarity, only one representative coating is shown in Figure 41
for each system: Alo(CrMnFeNi)+60TiC (panels A—C), Al;4(CrMnFeNi)+60TiC (panels D—F),
and AICuCrFeNi+60TiC (panels G-I). All coatings displayed remarkably low porosity, with
values consistently below 1% (Table 7). In particular, the AICuCrFeNi+60TiC coatings
exhibited porosity that was nearly undetectable in the “Run1” and “Run2” conditions,

suggesting a particularly dense microstructure for this feedstock.

200,

Figure 40: Backscattered-electrons SEM micrographs of the Cantor+60TiC coatings: Run1 (A-C), Run2 (D-F), and Run3
(G-1). Overviews (A, D, G), intermediate- (B, E, H) and high-magnification (C, F, |) views.
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Table 15: Porosity and thickness (mean + standard deviation) of all coatings by image analysis, and deposition efficiency.

Sample ID Porosity Thickness Thickness/pass Dept?sition
(%) [um] [um] efficiency (%)
Cantor+60TiC Run1 0.38+0.24 294+13 7.5 53.0
Cantor+60TiC Run2 0.74+0.49 33211 8.5 60.8
Cantor+60TiC Run3 0.20+0.09 30711 7.9 58.3
Ali4(CrFeMnNi)+60TiC Run1 | 0.22+0.03 363+10 9.3 64.1
Ali4(CrFeMnNi)+60TiC Run2 | 0.23+0.04 339+8 8.7 55.5
Ali4(CrFeMnNi)+60TiC Run3 | 0.33+0.04 32611 8.4 57.1
Al(CrFeMnNi)+60TiC Run1 |0.18+0.03 32321 8.3 59.8
Al(CrFeMnNi)+60TiC Run2 |0.21+0.08 31020 7.9 58.7
Al(CrFeMnNi)+60TiC Run3 |0.23+0.09 281+18 7.2 55.6
AlCuCrFeNi+60TiC Run1 0.17+0.04 321+15 8.2 59.9
AlCuCrFeNi+60TiC Run2 0.14+0.04 311+15 8.0 56.9
AlCuCrFeNi+60TiC Run3 0.16+0.04 308+13 7.9 55.1

| 200m |

Figure 41: Backscattered-electrons SEM micrographs of the AIO(CrMnFeN/) +60TiC Run2 (A-C), Al1 4(CrMnFeN1)+60TIC
Run1 (D-F), and AICuCrFeNi+60TiC Run1 (G-I) coatings. Overviews (A, D, G), intermediate- (B, E, H) and high-
magnification (C, F, |) views.

Deposition efficiencies, calculated from the samples’ weight change as described in Section
2.2, ranged mostly between 50% and 60% (Table 15). An exception was the Cantor+60TiC
system, where a slight decrease in deposition efficiency was observed at higher gas flow
rates (from Run1 to Run3). This trend is likely attributable to increased particle rebounding

caused by higher impact velocities under elevated gas flow. Nevertheless, these efficiencies
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remain within a range suitable for industrial production, comparable to the 60% efficiency

obtained with commercial WC-CoCr powders.

All coatings also contained oxide inclusions, most notably observed as dark stringers along
lamellar boundaries in the SEM micrographs (Figure 40B, C, E, F, H, | and Figure 41B, C,
E, F, H, I). EDX analyses in Figure 42 confirmed that these oxides were rich in Ti. Their
formation likely followed a mechanism in which the metallic matrix was primarily melted
during HVOF spraying, as suggested by the high degree of flattening of the lamellae. Under
these conditions, a portion of TiC may have partially dissolved in the molten matrix. The
dissolved Ti then migrated to particle surfaces, either in-flight or immediately after
deposition[172], where it reacted with oxidizing agents such as entrained atmospheric
oxygen[173] or water vapor from the H,—O, combustion. In all coating systems, Ti exhibited
the strongest thermodynamic affinity toward both carbon and oxygen, alongside aluminium,
promoting the formation of these oxide inclusions.

Table 16: Chemical composition of the coatings (mass%, normalized to 100) measured by EDX analysis on areas
imaged at 400%: mean * standard deviation.

Cantor+60TiC Aly(CrMnFeNi)+60TiC
Element
Run1 Run2 Run3 Run1 Run2 Run3
Carbon 7.94+0.11| 7.75+0.02| 7.88+0.02| 9.89+0.12| 9.43+0.07| 9.12+0.05
Oxygen 5.45+0.21| 5.90+0.26 | 6.20+0.19| 7.70+0.19| 7.77+0.06| 8.29+0.16
Aluminum 0.07+0.02| 0.10+0.04| 0.09+0.07| 0.40+0.04| 0.36+0.03| 0.31+0.03
Silicon 0.22+0.03| 0.23+0.03| 0.20+0.01| 0.35+0.01| 0.29+0.04| 0.26+0.01
Titanium 31.72+0.30 | 31.78+0.23 | 31.32+0.03 | 32.01+0.21 | 32.37+0.10 | 32.29+0.26
Chromium 9.64+0.09| 9.66+0.13| 9.76+0.08| 9.05+0.12| 9.14+0.08| 9.08+0.13
Manganese 8.72+0.08 | 8.67+0.16| 8.45*0.10| 8.90+0.13| 8.89+0.13| 8.59+0.11
Iron 14.91£0.13 | 14.97+£0.05 | 15.13+0.09 | 24.06+0.20 | 24.04+0.20 | 24.24+0.18
Cobalt 10.37+0.23 | 10.27+0.07 | 10.25+0.06 - - -
Nickel 10.39%£0.04 | 10.13£0.16 | 10.21£0.14 | 7.54%0.17| 7.54%0.04| 7.62*0.15
Molybdenum - - -1 0.10+0.02| 0.16+0.02| 0.20%0.08
Tungsten 0.12+0.04 | 0.09+0.04| 0.13%0.06 - - -
Niobium 0.47+0.04 | 0.44+0.09| 0.40+0.03 - - -
Al;4(CrMnFeNi)+60TiC AlCuCrFeNi+60TiC
Element
Run1 Run2 Run3 Run1 Run2 Run3

Carbon 6.44+0.06 | 6.21+0.06 | 6.16+0.43 | 11.44+0.11 | 10.34+0.11| 10.38+0.42
Oxygen 8.20+0.07 | 8.46+0.28 | 9.65x0.15| 5.39+0.32| 5.62+0.17| 5.16%0.13
Aluminum 3.04+0.04 | 3.06+0.04| 2.95+0.06| 1.93%0.01| 1.87+0.03| 1.97+0.04
Silicon 0.10+0.03 | 0.08+0.02| 0.12+0.03| 0.22+0.01| 0.29+0.02| 0.08%=0.03
Titanium 37.66+0.02 | 37.64+0.18 | 37.23+0.35 | 33.21+0.14 | 33.28+0.14 | 33.30+0.23
Chromium 9.02+0.07 | 9.18+0.07 | 8.91+0.23| 8.41+0.04| 8.31x0.04| 8.45%0.03
Manganese 5.69+0.09| 5.63+0.06 | 5.04+0.19| 0.49+0.06| 0.49+0.05| 0.48%0.04
Iron 22.61+0.08 | 22.59+0.32 | 22.49+0.22 | 11.40+0.14 | 11.68+0.26 | 11.65+0.19
Nickel 6.88+0.09| 6.76+0.11| 7.06%0.27 | 17.67x0.15| 17.99+0.22 | 18.35+0.12
Copper - - -1 9.83+0.13 | 10.14+0.15| 10.19+0.12
Molybdenum 0.25+0.01| 0.32+0.08 | 0.24%0.02 - - -
Tungsten 0.10+0.04 | 0.07+0.06 | 0.15+0.02 - - -
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Figure 42: Backscattered-electrons SEM micrographs of the Cantor+60TiC Run2 (A), AIO(CrMnFeNi)+60TiC Run1 (C),
Al14(CrMnFeNi)+60TiC Run2 (E), and AICuCrFeNi+60TiC Run3 (G) coatings, with corresponding EDX spectra (B, D, F,
H).

Qualitatively, the Al,4(CrMnFeNi)+60TiC coatings appeared slightly more oxidized (Figure

41E), whereas the AICuCrFeNi+60TiC coatings contained comparatively fewer oxides
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(Figure 41H). The other two compositions exhibited intermediate oxide contents (Figure 41B
and Figure 40B, E, H). Volumetric quantification of oxide inclusions via image analysis was
not feasible due to the similar backscattered-electron contrast between the oxides and TiC,
preventing reliable greyscale thresholding. Nevertheless, EDX spectroscopy suggested that
the AICuUCrFeNi+60TiC coatings had the lowest oxygen content (~5 wt.%), whereas the
Al;4(CrMnFeNi)+60TiC coatings exhibited the highest (~8 wt.%) (Table 16). Despite this
oxidation, the overall chemical composition remained largely consistent with that of the
feedstock powders (compare Table 13 and Table 16), with minor inclusions of W, Mo, and

Nb that are not expected to significantly influence coating properties.

Even accounting for Ti-based oxide formation and partial carbide dissolution, the coatings
preserved most of the original TiC particles, including the finest ones, as evident in Figure
40C, F, I and Figure 41C, F, |. In some cases, the EDX spectra highlighted an intensified Cr
peak within certain TiC particles compared to the surrounding matrix, confirming the
occasional incorporation of Cr into the carbide lattice observed in the powders (Figure 42G,
H: spectrum 6).

XRD analyses confirmed that TiC remained the primary phase in all coatings (Figure 3).
However, semi-quantitative Rietveld refinement (Table 14) indicated a reduction in TiC
content relative to the powders. Additionally, a hexagonal decarburized TiC,_x phase was
detected in all coatings except AICuCrFeNi+60TiC, suggesting that the decrease in TiC
resulted from a combination of oxidation, dissolution, and decarburization. The
Cantor+60TiC and Aly(CrMnFeNi)+60TiC coatings, which exhibited the largest TiC losses,
correspondingly contained the highest amounts of TiC,_x. In contrast, the
AICuCrFeNi+60TiC coatings showed minimal TiC,_x formation and lower carbon loss,
suggesting a lower degree of carbide alteration by any of the possible mechanisms.

The observed variations in TiC retention may be linked to the narrower particle size
distribution of the AICuCrFeNi+60TiC feedstock (Section 3.1.b.), which reduced the fraction
of fine particles susceptible to overheating and oxidation, and/or to the specific matrix
composition. In particular, aluminium appears to play a key role in limiting decarburization,
as TiC loss and TiC,_x formation were consistently lower in the Al-containing matrices.
Regarding the matrix, HYOF spraying promoted melting and re-solidification, reducing the
BCC fraction induced by HEBM and shifting the phase composition toward FCC-dominant
structures. Indeed, the Cantor+60TiC and Aly(CrMnFeNi)+60TiC coatings contained
negligible BCC content (2.5 wt.%), whereas AICuCrFeNi+60TiC was almost purely FCC

(<1 wt.% BCC). The Al14(CrMnFeNi)+60TiC coatings retained both BCC and FCC phases,
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with FCC accounting for ~45% of the matrix. Rapid quenching from the molten state likely

facilitated FCC retention, despite thermodynamic expectations.

Oxides were also detected in XRD patterns (Figure 39A—C) as sub-stoichiometric Ti,O3 or
ilmenite-type MTiO; phases, with M representing transition metals such as Fe or Ni. Unlike
the metallic systems discussed earlier, where oxide formation predominantly involved the
metallic constituents, the cermet compositions exhibit a markedly different oxidation
behaviour. Owing to their high TiC content, the strong oxygen affinity of Ti makes it the
primary oxide-forming element in all cases, even in formulations containing Al; as also
suggested by the EDX analyses, Ti systematically dominates the oxide chemistry, a trend
that could not be directly appreciated in the individual articles due to the absence of a side-
by-side comparison. Nevertheless, aluminium, when present, can still be incorporated into
these oxides, which may contribute to protecting TiC from decarburization and thus to the

reduced TiC loss observed in Al-containing formulations.
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3.3. b. Micro- and nano-mechanical properties

Vickers micro-indentation tests revealed that the coatings exhibited hardness values in the
range of approximately 750 to 900 HV (Table 17). Among the investigated systems, the
Cantor+60TiC coatings displayed the highest hardness, being the only samples with values
approaching 900 HV, while the other compositions showed hardness values mostly between
750 and 800 HV. The differences in hardness can be interpreted as the combined effect of
compositional variations and microstructural features, including the degree of TiC retention,
the fraction of oxide inclusions, and the distribution of residual stresses induced by the
HVOF process.

Table 17: Vickers microhardness (HV) by depth-sensing Vickers micro-indentation, elastic modulus (EIT) by spherical
nano indentation and critical loads (LC) by scratch testing (mean + standard deviation).

Sample ID HVo.3 Eir [GPa] Lc [N]
Cantor+60TiC Runl 884191 2386 12.1+1.3
Cantor+60TiC Run2 9331102 22315 13.4+1.5
Cantor+60TiC Run3 904197 21945 13.4+1.4
Alo(CrMnFeNi)+60TiC Runl 745181 20145 8.7+0.7
Alo(CrMnFeNi)+60TiC Run2 786182 208+6 9.0+£1.0
Alo(CrMnFeNi)+60TiC Run3 816170 19713 10.1+0.6
Al14(CrMnFeNi)+60TiC Runi 747+80 19145 12.0+1.4
Al14(CrMnFeNi)+60TiC Run2 813160 20516 9.4+2.0
Al14(CrMnFeNi)+60TiC Run3 740173 19145 10.0+1.6
AICuCrFeNi+60TiC Runl 772178 20915 13.6£2.3
AICuCrFeNi+60TiC Run2 793164 22915 14.612.1
AICuCrFeNi+60TiC Run3 819177 22816 13.0£1.1

The elastic modulus values were generally around 200 GPa (Table 17). Although the elastic
modulus is not a direct measure of toughness, previous investigations [174] demonstrated
that, in thermal-sprayed coatings, the depth-sensing indentation technique tends to yield
lower apparent moduli for brittle materials. This is due to the occurrence of microcracking or
inelastic failure beneath the indenter during the loading phase, which leads to an

underestimation of the true elastic response.

The differences in toughness among the samples were more clearly evidenced by the
scratch tests. As shown in previous work on TiC-based hardmetals [175], variations in critical
load obtained in progressive loading mode correlate well with the coatings’ resistance to
brittle fracture under functional conditions, such as abrasion. Optical inspection of the
scratch tracks (Figure 43) revealed that the critical load (LC) for these coatings
corresponded to the onset of systematic chipping along the track edges. It is essential to
distinguish such continuous chipping from isolated events, which, according to ISO 20502,

represent localized failures not followed by further damage propagation. These isolated
107



events are typical of thermal-sprayed coatings, where random defects, including pores or
weakly bonded splats, may act as local stress concentrators leading to premature micro-

failure.

Taking this into account, it is evident from Figure 43 that the Cantor+60TiC coatings (panel
A) and the AICuCrFeNi+60TiC coatings (panel D) exhibited markedly higher critical loads
for the onset of chipping compared to the Alo(CrMnFeNi)+60TiC (panel B) and Al
(CrMnFeNi)+60TiC (panel C) coatings. This observation was confirmed quantitatively by the
mean LC values reported in Table 17, where the Alo(CrMnFeNi)+60TiC and Al
(CrMnFeNi)+60TiC coatings generally exhibited critical loads between 8 and 10 N, whereas
the Cantor+60TiC and AICuCrFeNi+60TiC coatings reached higher LC values, in the range
of 12 to 14 N. These results clearly indicate that the Al14(CrMnFeNi)+60TiC coatings were
indeed more brittle than the others, and that a similar behaviour was also observed for the
Alo(CrMnFeNi)+60TiC ones.
Isolated event ~_ .. Critical load

6.2 mm

Figure 43: Stitching of optical images showing overviews of scratch tracks on samples Cantor+60TiC Run2 (A),
AlO(CrMnFeNi|)+60TiC Run2 (B), Al14(CrMnFeNi)+60TiC Run1 (C), and AICuCrFeNi+60TiC Run2 (D). Magnified details
show the criterion to identify a critical load, differentiating it from an isolated event caused by local inhomogeneities
unavoidable in a thermal spray coating.

As for the metallic coatings, a deeper understanding of the coatings’ fine-scale mechanical
response was obtained through high-speed nanoindentation tests on selected samples. In
fact, once again, this technique, by enabling a very high number of indentations, allows the
identification of distinct mechanical phases through statistical deconvolution using a
Gaussian Mixture Model (GMM), as illustrated in Figure 45. The resulting “mechanical
phases” correspond to regions in the material that are mechanically homogeneous, though

not necessarily coinciding with specific crystallographic phases.
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Figure 44: Hardness and elastic modulus maps obtained from high-speed nanoindentation with 1 um spacing between
indents. Note: the represented areas are cropped from the actual map sizes, and all samples have been standardized to
the same region of interest (ROI) to illustrate comparative differences effectively.
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Figure 45: Distributive curves of indentation hardness obtained by high-speed nanoindentation on the four samples,
analysed with the GMM algorithm: in each image, the histogram with the fractions of indentations included in each range
of values, the histogram-fitting curve, cumulative individual distributions, and the Gaussian fit of individual distributions
are shown.

The Al14(CrMnFeNi)+60TiC coating was selected as a representative example due to its
complex and comprehensive mechanical behaviour, which makes it a suitable reference for
interpreting the results obtained from other coatings. In this sample, four main mechanical
phases were identified (Table 18). The first, with an average nano-hardness of about 6.2
GPa, can be attributed to the softer, ductile FCC phase of the metallic matrix. The second
phase, showing a hardness of approximately 12.8 GPa, corresponds to the harder BCC
phase, typical of Al-rich regions. The third mechanical phase, which contained most of the
indentation data, exhibited an intermediate hardness of about 15.8 GPa and likely
represented the combined response of the matrix and fine TiC particles, whose sizes fall in
the nano- or submicron range. This behaviour is consistent with previous studies on high-
speed nanoindentation[145], in which statistical analysis of large datasets allows

distinguishing between mixed (interfacial) and intrinsic phase responses. The fourth
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mechanical phase corresponded to indents located entirely within the largest TiC particles,
yielding a hardness of about 22.4 GPa. This value aligns well with the lower bound of the
literature range for TiC hardness (2600-3200 HV)[176], [177], confirming the accuracy and
reliability of the present analysis, despite the possible influence of the surrounding matrix on
the measured response.

As shown in Table 18, coatings characterized by a purely or nearly purely FCC matrix did
not exhibit the second mechanical phase associated with BCC. Nonetheless, the hardness
values corresponding to the FCC phase (first distribution) and the TiC particles (fourth
distribution) were comparable across all coatings, corroborating the interpretation of the data
and suggesting that the intrinsic properties of the TiC phase were essentially unaffected by
the surrounding metallic matrix.

Table 18: Results of GMM deconvolution to identify mechanical phases from high-speed nanoindentation data.

s | Err [GPa] Hir [GPa]
ample
P Phase 1 Phase 2 Phase 3 Phase 4 Phase 1 Phase 2 Phase 3 Phase 4

Cantor

] 169134 - 270150 370+35 8.4+2.5 - 16.1+2.7 | 22.3%#1.8
+60TiC Run3
Alo(CrMnFeN:i)

. 207437 - 276151 391129 8.312.2 - 15.7£2.5 21.2+2.6
+60TiC Run3
Al1a(CrMnFeNi)

. 143420 216%33 275433 346%19 6.212 12.8+3.2 15.81£2.8 22.4+19
+60TiC Run3
AlICuCrFeNi

] 221+41 - 283154 399+27 8.27+1.7 | - 15.0+2.1 | 20.5%2.2
+60TiC Run3

This apparent increase in hardness can be attributed to three main factors. Firstly, the
indentation size effect leads to higher hardness values at small penetration depths, as
typical in nanoindentation testing[178]. Secondly, even the nanoindentations primarily falling
on the metallic regions were likely influenced by the presence of nearby TiC or TiC;_x
particles, whose fine distribution within the matrix increased local constraint and thus
apparent hardness. Finally, the high strain rates characteristic of high-speed
nanoindentation (on the order of 3 s™) [145] are known to enhance the measured hardness
and modulus of strain-rate-sensitive phases. This is particularly relevant for CoCrFeMnNi-
based alloys, such as the Cantor composition, whose mechanical response is strongly
dependent on strain rate, temperature, and grain size[179].

The higher hardness observed in the BCC phase of the Al;,(CrMnFeNi)+60TiC coatings,
likely accompanied by reduced ductility, offers a plausible explanation for their lower
toughness and critical load values obtained in the scratch tests. Additionally, the
comparatively high Fe content in both the Al1,(CrMnFeNi)+60TiC and Aly(CrMnFeNi)+60TiC
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coatings may have contributed to their brittle behaviour. This interpretation is consistent with
previous findings on simpler metallic systems, where Fe-rich matrices were found to be more
brittle than Ni-rich ones [99], [101], [136]. Such behaviour thus appears to be systematic and

recurrent, extending to both HEA and non-HEA formulations.
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3.4. b. Sliding and abrasive wear behaviour

In both sliding (Figure 46) and abrasive (Figure 47) wear tests, the coatings exhibited a
ranking that closely mirrored the trend observed in the scratch experiments. The
Alo(CrMnFeNi)+60TiC and Al14(CrMnFeNi)+60TiC compositions, regardless of the
deposition parameters employed, displayed higher specific wear rates compared with the
Cantor+60TiC and AICuCrFeNi+60TiC coatings. This correspondence between scratch and
wear performance highlights the strong connection between coating brittleness and
tribological behaviour. Moreover, the incorporation of TiC within the HEA matrix consistently
reduced the wear rate by at least one order of magnitude, confirming the strong
strengthening effect provided by the ceramic phase (3.4.a.). Interestingly, the overall wear-
rate hierarchy imposed by the HEA matrix itself remained essentially unchanged,

irrespective of the presence or absence of the TiC reinforcement.
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Figure 46: Specific wear rates measured by ball-on-disc testing on all hardmetal coatings, compared to reference data
measured under similar conditions in [175] ((Ti,Mo)(C,N)-Ni) and [136] (WC-CoCr and Cr3C2-NiCr).

112



6,0x10°

5,0010°

=

ot

(=1
£
|

3,0¢10°

2,0x107

References

Specific Wear Rate [mm?*/(N-m}]
£
<
|

Figure 47: Specific wear rates measured by steel-wheel abrasion testing on all hardmetal coatings, compared to
reference data measured under similar conditions in [175] ((Ti,Mo)(C,N)-Ni) and [136] (WC-CoCr and Cr3C2-NiCr).

Under sliding wear conditions, the surfaces of the Al,(CrMnFeNi)+60TiC (Figure 48C, D)
and Al1,(CrMnFeNi)+60TiC (Figure 48E, F) coatings were characterized by the presence of
numerous micropits, some of which are highlighted in the micrographs. The dominant wear
mechanism in these coatings was therefore surface fatigue, associated with the nucleation
and propagation of fatigue cracks leading to micropitting. Such a mechanism tends to
progress more rapidly in brittle materials, where the ability to dissipate strain energy through
plastic deformation at the crack tip is limited, thus promoting easier crack growth. In contrast,
the comparatively tougher Cantor+60TiC (Figure 48A, B) and AICuCrFeNi+60TiC (Figure
48G, H) coatings exhibited very few micropits even under the relatively severe contact
conditions employed, characterized by high initial Hertzian contact pressures. In these
tougher coatings, wear mainly took the form of abrasive grooving, likely due to their
hardness being somewhat below 1000 HV (Section 3.3.b.), which is lower than that typically
reported for conventional hardmetal coatings.
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Figure 48: SEM micrographs of the ball-disc wear tracks produced on samples Cantor+60TiC Run3 (A, B),
AlO(CrMnFeNi)+60TiC Runt (C, D), Al14(CrMnFeNi)+60TiC Run3 (E, F), and AICuCrFeNi+60TiC Run3 (G, H).
Overviews (A, C, E, G) and magnified views (B, D, F, H). Circles indicate micropits; arrows in panel D indicate a crack.
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In addition to fatigue and abrasion, some tribo-oxidation also occurred during sliding, as
indicated by the presence of oxide clusters on the worn surfaces, often located within the
pits (Figure 49A, B: spectra 1, 3, 4; Figure 49C, D: spectra 1, 2). The composition of these
tribologically induced oxides differed from that of the oxide inclusions observed in Figure 42.
While the inclusions were enriched in titanium, the tribo-oxidized clusters exhibited an
elemental composition more closely resembling that of the bulk coating. Raman
spectroscopy further confirmed this difference (Figure 50): the tribo-oxidized clusters were
primarily composed of spinel-type mixed oxides, whereas the inclusions mainly consisted of
titanium sub-oxides and ilmenite-type phases. This evidence suggests that the clusters
formed through a low-speed tribo-oxidation process [180], involving the fine debris
generated during sliding. Due to their high surface-to-volume ratio, these small debris
particles reacted readily with oxygen, leading to the oxidation of all metallic constituents.
This mechanism differs substantially from the high-temperature, spontaneous oxidation
observed during deposition, where oxidation is limited to the most reactive element (Ti). A
slightly higher Al content was also detected in the tribo-oxidized clusters (Figure 49), which
can be attributed to the embedment of debris from the Al,O; counterbody; however,
aluminium never became the dominant constituent, since the specific wear rate of the

alumina balls remained lower than that of the coatings.
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Figure 49: SEM micrographs of the worn surfaces of the Cantor+60TiC Run 2 (A) and Al14(CrMnFeNi)+60TiC Run3 (C)
samples after the ball-on disc test, with corresponding EDX spectra (B, D).
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Figure 50: Representative micro-Raman spectra acquired on oxide clusters found on the ball-on-disc sliding wear tracks
of samples Cantor+60TiC Run 2, AIO(CrMnFeNi)+60TiC Run1, Al14(CrMnFeNi)+60TiC Run1, and AICuCrfFeNi+60TiC.

The dry particle abrasion tests revealed a combined ductile—brittle wear mechanism across
all samples (Figure 51A, C, E). The alumina particles, propelled by the rotating wheel in a
high-stress abrasion configuration[99], produced indentation, ploughing, and wedging or
chipping on the coating surfaces. Cross-sectional micrographs at higher magnification
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(Figure 52B, D, F) showed fragmented Al,O; particles embedded in the surface and chipping
away the coating material. Notably, the damage did not extend deeply below the surface, as
the overview images (Figure 52A, C, E) revealed no cracks penetrating the interior of the
coating.

Although the overall worn surface morphologies appeared broadly similar, some qualitative
differences could still be discerned. As shown in Figure 51D, direct brittle fracture occurred
more frequently in the coatings identified as more brittle through scratch testing, such as
Alo(CrMnFeNi)+60TiC and Al 4(CrMnFeNi)+60TiC. Conversely, the tougher coatings tended
to fail through ductile mechanisms, as evidenced by the presence of plastically deformed
regions followed by local delamination (Figure 51B and F, arrows), indicative of low-cycle

fatigue.
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Figure 51: SEM micrographs of the surfaces of the abrasion tracks produced on samples Cantor+60TiC Run2 (A, B),
Al14(CrMnFeNi)+60TiC Run1 (C, D), and AICuCrFeNi+60TiC Run2 (E, F). Overviews (A, C, E) and magnified views (B,
D, F). The circle in panel D indicates a brittle fracture area; arrows in panels B and F indicate delamination of plastically

fatigued areas.
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Figure 52: Backscattered-electrons SEM micrographs of the cross-sections of the abrasion tracks produced on samples
Cantor+60TiC Run2 (A, B), Al14(CrMnFeNi)+60TiC Run1 (C, D), and AICuCrFeNi+60TiC Run2 (E, F). Overviews (A, C,
E) and magnified views (B, D, F). Dashed rectangles in panels B, D, F show embedded fragments of abrasive particles

indenting into and chipping the coatings.

When compared to reference data obtained in this and previous studies, the specific wear
rates measured for the Cantor+60TiC and AICuCrFeNi+60TiC coatings under sliding
conditions (Figure 46) were intermediate between those typical of HVOF-sprayed WC—-CoCr
and Cr;C,—NiCr coatings. The WC-CoCr coating tested here displayed a wear rate only
slightly higher than that reported in [136], despite differences in test geometry, confirming
the reliability of the measurement. The Aly(CrMnFeNi)+60TiC coatings showed wear rates
like those of Cr;C,—NiCr, whereas the Al;4(CrMnFeNi)+60TiC coatings performed even
worse. All the present samples, however, exhibited lower sliding wear resistance than
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HVOF-sprayed (Ti,Mo)(C,N)-Ni coatings[175]. These results thus indicate that further
optimization of the HEA matrix composition is needed to achieve an appropriate compromise
between toughness, necessary to limit surface fatigue, and hardness, which governs the

resistance to abrasive grooving.

In contrast, under high-stress abrasive conditions (Figure 47), the performance ranking
changed slightly. The Cantor+60TiC and, especially, the AICuCrFeNi+60TiC coatings
exhibited specific wear rates comparable to those reported in [137] for HVOF-sprayed
Cr;C,—NiCr, and significantly better than those of (Ti,Mo0)(C,N)—Ni coatings. The WC-CoCr
coating tested in this work also showed a specific wear rate in line with previous data.
Particularly remarkable is the similarity between the performance of the AICuCrFeNi+60TiC
and Cr;C,—NiCr coatings. In previous studies on TiC-based hardmetals with simpler Ni- or
Fe-based matrices [99], [101], [136], [175], the steel-wheel test consistently resulted in
poorer performance compared to Cr;C,—NiCr due to the intrinsic brittleness of those
materials. The present results therefore demonstrate that the AICuCrFeNi+60TiC coatings,
characterized by a low oxide content and a ductile HEA-based FCC matrix, represent a
significant improvement in this respect. Further developments aimed at coupling such
toughness with slightly increased hardness could yield even better results. In particular, the
design of FCC matrices exhibiting twinning-induced or transformation-induced plasticity
(TWIP or TRIP effects) appears to be a promising route to achieve the desired balance

between hardness and toughness[135], [181].
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3.5. b. Electrochemical polarization results

The polarization curves obtained for all coatings exhibited very similar shapes, in sharp
contrast with the conspicuous differences observed among the metallic HEA coatings with
different compositions. This indicates that the presence of the TiC particles largely affects
the electrochemical response, so that, in a cermet coating, the matrix composition has much
less relevance on the electrochemical response. Moreover, the deposition parameters also
did not significantly influence the polarization response, at least within the parameter ranges
investigated in this study (Figure 53). In each case, the anodic branches presented an initial
activation stage, which was used to perform the Tafel extrapolation. Specifically, the linear
regions of both the anodic and cathodic branches, located approximately between 0.05 and
0.1 V above and below the open circuit potential, were fitted linearly, and the intersection of
these extrapolations provided the corrosion potential (Ecor) and the corrosion current
density (Icorr), @as summarized in Table 19.

Table 19: Corrosion potential (Ecorr) and corrosion current density (Icorr) values (average + half-difference) obtained by
Tafel extrapolation from the electrochemical polarization curves.

Sample ID Ecor [V] Icorr [WA/CM?]
Cantor+60TiC Run1 -0.447+0.004 | 5.19+0.58
Cantor+60TiC Run2 -0.410£0.006 | 4.01%0.22
Cantor+60TiC Run3 -0.385:0.005 | 3.55%0.14

Al(CrMnFeNi)86+60TiC Run1 -0.433+0.003 | 9.71x0.09
Al(CrMnFeNi)86+60TiC Run2 -0.418+0.002 | 8.15%0.26
Al(CrMnFeNi)86+60TiC Run3 -0.414%0.011 | 10.01%0.51
Al.4(CrMnFeNi)+60TiC Run1 -0.463%0.025 | 11.13%1.50
Al;4(CrMnFeNi)+60TiC Run2 -0.443+0.003 | 6.94+0.49
Al;4(CrMnFeNi)+60TiC Run3 -0.467+0.019 | 6.97+0.16
AlCuCrFeNi+60TiC Run1 -0.261%0.043 | 4.28+1.29
AlCuCrFeNi+60TiC Run2 -0.321%0.003 | 2.71%0.02
ALCuCrFeNi+60TiC Run3 -0.293+0.019 | 2.99+0.40

The measured corrosion potentials were generally comprised between —0.50 and -0.45 V
vs. Ag/AgCI/KCl(sat.), except for the AICuCrFeNi+60TiC coatings, which showed slightly
nobler values around —0.30 V. Corrosion current densities were mostly in the 3—10 pyA/cm?
range, although systematic variations with composition were evident. Specifically, the
Alo(CrMnFeNi)+60TiC and Al14(CrMnFeNi)+60TiC samples displayed higher current
densities (=7-11 pA/cm?), while the Cantor+60TiC and AICuCrFeNi+60TiC coatings
exhibited lower values (=3-5 pA/cm?).
At overpotentials greater than +0.1 V vs. OCP, the anodic polarization curves entered a
pseudo-passive regime, characterized by a gradual increase in current density in the 10™°—
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107 A/lcm? range. This quasi-passive behaviour persisted until approximately —0.05 V vs.
Ag/AgCI/KCl(sat.), where a marked increase in current density indicated the breakdown of
passivity and the onset of transpassive dissolution. Such a sequence of activation, pseudo-
passivation, and breakdown was analogous to that previously observed in TiC-based
hardmetal coatings with simpler, non-HEA matrices[99], [101], [136], while it differs e.g. from
the behaviour of the Al,4(CrMnFeNi) metallic coating, which exhibited almost no pseudo-
passivity. This means that the TiC particles and, probably, the presence of Ti and C dissolved
in the matrix during the HVOF spraying process had a maijor effect on the electrochemical

response of the system.
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Figure 53: Electrochemical polarization curves for all deposition runs of each of the 4 coating materials: Run 1 (A), Run 2
(B), and Run 3 (C).
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Figure 54: Corrosion current density (Icor) values for all the hardmetal coatings.

SEM cross-sectional analysis of the coatings after polarization testing confirmed that
corrosion progressed through selective dissolution of the metallic matrix, while the TiC phase
remained comparatively stable (Figure 55). The resulting morphology was characterized by
a uniformly advancing corrosion front, leaving behind fine TiC particles “floating” within a
corroded matrix (Figure 55A, C, E, G). Only isolated splats appeared partially unaffected,
likely due to local compositional heterogeneities. EDX spectra collected from the corroded
areas (Figure 56, spectra 1 and 3) showed intensified oxygen peaks and a marked depletion
of matrix elements such as Mn, Fe, and Ni, compared with spectra acquired from uncorroded
regions (spectra 2 and 4). The Cr signal, in contrast, became relatively stronger, suggesting
that corrosion led to the formation of Cr-enriched oxides, consistent with a selective leaching
of Fe, Mn, and Ni during transpassive dissolution. Minor peaks corresponding to Si, S, Ca,
and CIl were attributed to polishing residues and to the interaction with the NaCl-containing
electrolyte.

Among the different compositions, noticeable differences in the extent of substrate corrosion
were observed after the tests. The Alo(CrMnFeNi)+60TiC and AICuCrFeNi+60TiC coatings
(Figure 55C and G) exhibited significant substrate attack, while the Cantor+60TiC and
Al14(CrMnFeNi)+60TiC coatings (Figure 55A and E) remained largely intact. In particular,
the Alo(CrMnFeNi)+60TiC coating showed blistering, likely due to pressure build-up from
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corrosion products accumulating at the coating—substrate interface. As the corrosion front
advanced, the remaining intact coating layer became thinner and increasingly porous,
enabling electrolyte penetration and the onset of localized galvanic or crevice corrosion at
the substrate. Despite this evident morphological degradation, the polarization curves did
not reflect any substantial differences in current density, even in the transpassive region.
This observation suggests that the overall current was dominated by the transpassive
dissolution of the matrix, while substrate corrosion, though visually significant, contributed
only marginally to the measured current because of its limited exposed area. Therefore, the
polarization data can be regarded as representative of the coating’s intrinsic electrochemical

behaviour.
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Figure 55: Backscattered-electron SEM micrographs of polished cross-sections of the Cantor+60TiC Run 1 (A, B),
AlIO(CrMnFeNi)+60TiC (C, D) Run3, Al14(CrMnFeNi)+60TiC Run3 (E, F) and AICuCrFeNi+60TiC (G, H) samples after
electrochemical polarization testing.
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Figure 56: Backscattered-electron SEM micrograph of the polished cross-section of Al14(CrMnFeNi)+60TiC Run3 after
electrochemical polarization testing, and the corresponding EDX spectra.

The electrochemical behaviour of the coatings can be further interpreted by comparing the
potentials of the individual phases. According to reference [182], the equilibrium potentials
of stoichiometric TiC and sub-stoichiometric TiCy.o in 3.5 wt.% NaCl are +0.050 V and
+0.105 V vs. Ag/AgCI/KCl(sat.), respectively. These values are significantly higher than the
corrosion potentials measured for the coatings, implying that TiC acted as a cathodic phase
during polarization. Conversely, HEAs in Al-Cr—Mn—-Fe—Co—Ni—Cu systems typically display
corrosion potentials between —0.2 and -0.5 V [167], [169], [183]-[186], consistent with the
present measurements. Thus, the HEA matrices were anodic with respect to TiC, and the

anodic branches of the curves mainly reflected their dissolution behaviour.

When compared with bulk HEAs reported in the literature [167], [169], [183]-[186], the
coatings showed an earlier breakdown of passivity and higher pseudo-passive current
densities. Bulk HEAs generally exhibit passive current densities below 107° A/cm? and can
maintain passivity up to potentials near 1 V, while the present coatings experienced
breakdown at significantly lower potentials. Such differences likely arise from the composite
nature and microstructure of the coatings. For example, HEAs with high Cu content, such
as AICuCrFeNi, are known to exhibit poor passivation due to galvanic coupling between Cu-
rich and less noble regions [167], [185], while Al-rich HEAs forming BCC+FCC dual phases,
such as Al4(CrMnFeNi), also show impaired passivation [167], [169]. Interestingly, in the
present study, the expected disparities among compositions were less pronounced:
materials predicted to perform poorly (e.g., AICuCrFeNi) showed improved behaviour, while
those expected to passivate effectively (e.g., Cantor-type HEA) exhibited somewhat reduced

performance.

This general trend is also reflected in the electrochemical polarization curves obtained in

this work (Figure 34). The Cantor coatings displayed the highest rest potential and
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developed a short pseudo-passive region, with current densities in the 107*-107° A/lcm?
range up to roughly +200 mV vs. OCP, before entering rapid transpassivation. In contrast,
the Alx(CrMnFeNi) series showed a progressive loss of electrochemical nobility and pseudo-
passivity with increasing Al content: Alo(CrMnFeNi) still formed an unstable pseudo-passive
film with frequent metastable pit events, whereas Al1o and Al14 exhibited nearly continuous
activation with minimal passivation. These observations are consistent with the earlier
breakdown potentials and higher pseudo-passive current densities measured for the
coatings.

This “levelling” effect among the different coatings likely stems from their cermet nature. The
impact quenching associated with the HVOF process probably minimized solute
segregation, particularly Cu segregation, known to disrupt passivation in bulk HEAs. The
dissolution of small amounts of Ti and C from TiC into the metallic matrix, as reported
previously for similar systems [99], [166], may have also enhanced corrosion resistance by
modifying the matrix chemistry. On the other hand, the limited presence of pores and oxide

inclusions could locally hinder passivation compared with dense bulk materials.

Most importantly, the electrochemical behaviour of the coatings appears to have been
dominated by micro-galvanic interactions between the anodic HEA matrix and the cathodic
TiC particles. These local galvanic couples accelerated matrix oxidation, promoting the
formation of passive films even in matrices that would otherwise remain active.
Consequently, all coatings exhibited pseudo-passive regions of similar shape and
magnitude, regardless of composition. However, these same galvanic effects also facilitated
the eventual breakdown of passivity under increasing anodic overpotentials.

This mechanism contrasts with that observed in WC—-CoCr hardmetals, where the apparent
breakdown of passivity at high potentials actually results from accelerated oxidation of WC,
while the CoCr matrix remains passive up to very high overpotentials [187]-[189]. In the
present TiC-based systems, by contrast, the breakdown corresponded to a genuine loss of
passivity in the metallic matrix, as evidenced by the microstructural observations in Figure
55. Moreover, while the anodic current densities of pure TiC and TiC,., remain below 107
A/lcm? even at +1 V, the coatings investigated here reached values above 1072 A/cm?,
confirming that the TiC phase contributed negligibly to the overall current despite its large

surface fraction.
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Finally, although the polarization curves of all samples followed the same general trend,
minor differences could still be discerned as a function of matrix composition. The
AICuCrFeNi+60TiC and Cantor+60TiC coatings consistently showed slightly lower current
densities within the pseudo-passive region and lower corrosion current densities in the Tafel
analysis (Table 19), indicating a modestly improved corrosion resistance. On the other hand,
variations in deposition parameters did not yield any measurable effect on the

electrochemical performance, confirming that composition was the main controlling factor.
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3.6. b. Chronoamperometry tests

To assess the longer-term stability of the (pseudo-)passive state, chronoamperometric tests
were performed on the “Run3” samples from both series. The analysis was restricted to
these samples because the previously discussed polarization results showed no significant
influence of process parameters. The first overpotential selected for the
chronoamperometric test, +0.15 V vs. Ecor, fell within the pseudo-passive region of the
polarization curves in Figure 53.

At this applied potential, the current density dropped rapidly within the first two minutes of
testing (Figure 57), which is typical of a passivating system. In agreement with the
polarization results of Figure 53, the inset in Figure 57 shows that the initial current densities
of the AICuUCrFeNi+60TiC and Cantor+60TiC coatings were lower than those of the
Alo(CrMnFeNi)+60TiC and Al14(CrMnFeNi)+60TiC coatings. However, after the initial
decrease, the current density of the AICuCrFeNi+60TiC and Cantor+60TiC coatings
stabilized at higher levels. The minimum value of approximately 1076 A/cm? can be attributed
to the growth of the pseudo-passive layer, but the subsequent slow increase throughout the

test suggests progressive destabilization of this layer in the chloride-rich environment.

In contrast, the current densities of the Alo(CrMnFeNi)+60TiC and Al14(CrMnFeNi)+60TiC
coatings became negative (slightly above —1x107% A/cm?), i.e. cathodic, and although they
slowly increased during the test, they remained negative until its conclusion. This indicates
that the early-stage passive film was sufficiently stable and protective to increase the
practical nobility of the samples: at a fixed potential of +0.15 V above their initial OCP, the
samples themselves became cathodic relative to the reference electrode. In other words,
the passive film made the samples so noble that the imposed potential effectively acted as
a cathodic overpotential. Thus, despite their initially higher current densities, the
Alo(CrMnFeNi)+60TiC and Al14(CrMnFeNi)+60TiC samples exhibited far superior long-term
stability.

Accordingly, at the end of the test, the Alo(CrMnFeNi)+60TiC and Al14(CrMnFeNi)+60TiC
coatings showed no corrosion visible to the naked eye. By contrast, reddish corrosion
products were observed on the AICuCrFeNi+60TiC and Cantor+60TiC coatings, and their
chronoamperometric curves displayed not only positive and increasing current densities but
also spike-like transients indicative of pit formation. Consistently, the Cantor+60TiC coating,

whose curve exhibited more current spikes, showed more reddish corrosion products.
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Figure 57: Chronoamperometric curves (current density vs. time) recorded at a fixed overpotential of +0.15 V vs. OCP on
the AICuCrFeNi+60TiC Run3, Cantor+60TiC Run3, Alo(CrMnFeNi)+60TiC Run3 and Al14(CrMnFeNi)+60TiC Run3
samples.

SEM+EDX analysis of the Cantor+60TiC and AICuCrFeNi+60TiC surfaces after
chronoamperometry at +0.15 V vs. OCP revealed localized accumulations of Fe-, O-, and
Cl-rich corrosion products (Figure 58: spectra 1-4, 6). Micro-Raman spectra (Figure 59A,
spectra 1 and 2) confirmed the presence of hematite and magnetite, with peak assignments
following de Faria et al [190]. These products originated from substrate corrosion: pits
developing in the coating allowed the electrolyte to penetrate and attack the underlying
substrate, following a crevice corrosion mechanism. The polarization curve of the
Cantor+60TiC coating (Figure 53) also exhibited spikes consistent with transient pit

nucleation.

Fe-based corrosion products were less common on the AICuCrFeNi+60TiC coating,
consistent with the fewer current spikes seen in its chronoamperometric curve (Figure 57).

One pit is shown in Figure 59B (spectrum 2).
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Figure 58: SEM micrograph acquired on the surface of the Cantor+60TiC Run3 sample after the chronoamperometric
test at +0.15 V vs. OCP (A), and the corresponding EDX spectra (B).
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Figure 59: Micro-Raman spectra acquired on the surfaces of the Cantor+60TiC Run3 (A) and AICuCrFeNi+60TiC Run3
(B) samples after the chronoamperometric tests at +0.15 V vs. OCP, with optical micrographs of the acquisition locations
of the spectra. Spectrum 4 in panel A and spectrum 3 in panel B were acquired outside the tested area. Labels: H =
hematite; M = magnetite.
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Cross-sectional analysis of the AICuCrFeNi+60TiC coating confirmed that although overall
damage was limited, some interconnected pathways, visible as darker regions due to
increased porosity and corrosion product presence, had formed across the coating (Figure
60E, F: circled in E and indicated by arrows in F). The electrolyte thereby reached the
substrate, producing corrosion products at the interface (Figure 60F: circle). In
backscattered electron mode, these corrosion products appear slightly brighter than the
embedded alumina grit residue. EDX maps (Figure 61) show oxygen-rich, Fe-containing
regions on the substrate lacking Al, confirming Fe-based corrosion products (circled in
panels A—D). Additionally, Fe-rich spots within interconnected pores in the coating (Figure
61D: arrows) indicate upward transport of Fe-containing corrosion products, explaining their

presence on the outer surface.

In contrast, SEM cross-sections of the Alo(CrMnFeNi)+60TiC coating after
chronoamperometry at +0.15 V vs. OCP showed no significant corrosion in the coating or at
the substrate interface. The coating in the tested region (Figure 60A) was indistinguishable
from unaffected areas (Figure 60C). No interconnected porous paths or corrosion products
were found at the interface (Figure 60B, matching Figure 60D). This contrasts sharply with
the same sample after polarization testing (Figure 55C, D). This difference confirms that the
selective matrix leaching observed after polarization (Figure 55) resulted from passive-film
breakdown, as stated in Section 3.5.b.; it did not occur while the pseudo-passive film
remained reasonably stable. Because substrate corrosion products appeared after
chronoamperometry in samples that did not show substrate corrosion after polarization (e.g.,
Cantor+60TiC), and vice versa (e.g., Alo(CrMnFeNi)+60TiC), substrate corrosion in the two
test types was unrelated. During polarization, substrate corrosion initiated only in the
transpassive regime; in the pseudo-passive regime, pits large enough to expose the
substrate could not form within the short duration of the polarization test (<10 min at 0.0005
V/s). Thus, substrate corrosion did not influence the polarization response near the rest
potential or within the pseudo-passive region (Section 3.5.b.) and did not affect the corrosion
current density or Ecorr values in Table 19. Furthermore, substrate corrosion was not caused
by pre-existing interconnected pores; if it were, the same sample would have displayed
substrate corrosion in both tests.
AICuCrFeNi+60TiC Run3 sample developed fewer pits and corrosion products than the
Cantor+60TiC sample after chronoamperometry at +0.15 V vs. OCP, most Raman spectra
obtained from the tested surface corresponded to the characteristic spectrum of titanium
carbide (Figure 59B, spectrum 1), which also appeared outside the corroded region (Figure
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59B, spectrum 3). Similarly, on the Cantor+60TiC surface, TiC spectra were found where
the signal was collected away from pits (Figure 59A, spectrum 4).

TiC has a rock-salt FCC structure without Raman-active modes, but defects such as C
vacancies, unavoidable in materials produced by HEBM and then thermally sprayed, break
symmetry and generate Raman activity[191], [192]. TiC was detected wherever the surface
was not covered by thick corrosion products, because the spacing between TiC particles
was below the lateral resolution of micro-Raman (~1 pym). The metallic matrix does not
produce Raman signals. The observation of the TiC spectrum in unpitted regions implies
that the passive film was thinner than the penetration depth of the laser and thus
undetectable. Thin passive films are generally more desirable: thicker films tend to be more

porous and less protective[170].
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Figure 60: Cross-sectional SEM micrographs of coated samples after chronoamperometric tests at +0.15 V vs. OCP:
Alo(CrMnFeNIi)+60TiC Run3 sample in the tested region (A, B) and in a region away from the test area (C, D), and
AICuCrFeNi+60TiC Run3 sample in the tested region (E, F) — overviews (A, C, E) and details of the interface with the
substrate (B, D, F). In panel E, the circles indicate interconnected paths; in panel F, the circle indicates Fe-based
corrosion products on the substrate and the arrows indicate interconnected paths.
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Figure 61: Cross-sectional SEM micrograph of the AICuCrFeNi+60TiC Run3 sample after the chronoamperometry test at
+0.15 V vs. OCP (A), and the corresponding EDX maps: overall map (B) and maps of oxygen (C), iron (D), aluminium (E)
and nickel (F).

Because micro-Raman spectroscopy could not determine the pseudo-passive film
composition, XPS was performed on the Alo(CrMnFeNi)+60TiC and Al14(CrMnFeNi)+60TiC
samples after chronoamperometry at +0.15 V vs. OCP. XPS probes <10 nm depth. XPS
was not performed on the AICuCrFeNi+60TiC and Cantor+60TiC coatings because the large
(1 mm?) sampling area of the instrument might have included substrate corrosion products,

preventing reliable interpretation of the passive film composition.
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The XPS results (Figure 62) show that in the Alo(CrMnFeNi)+60TiC sample the dominant
signals were from Fe 2p and Ti 2p (Figure 62A, B). In the Al14(CrMnFeNi)+60TiC sample,
Fe 2p, Cr 2p, and Ti 2p were the strongest components (Figure 9C-E). Fe and Cr existed
entirely as Fe,O3 and Cr,03, indicating these oxides were responsible for matrix passivation.
The Ti signal was stronger due to the high TiC fraction and included a dominant TiO,
component (passivating the TiC particles) and a secondary Ti® component (likely from partial
TiC decarburization, as shown previously). The absence of Fe® and Cr° may reflect their
lower signal intensities or the nanometric thickness of the oxide film on TiC, which allowed
detection of underlying Ti°. Thus, part of the TiO, signal may also originate from the matrix,
meaning the matrix passive film likely consisted of mixed Fe?**—Cr¥*—Ti** oxides. This
supports the idea that Ti dissolved into the matrix during spraying contributed to its
passivation. Signals from Ni, Mn, and Al (in Al14(CrMnFeNi)+60TiC) were negligible,

indicating they were not major passive-film constituents.

The fact that TiC particles carried a thinner oxide film than the matrix is consistent with the
corrosion potentials of stoichiometric and substoichiometric TiC (Section 3.5.b.). TiC
remained cathodic at +0.15 V above the initial OCP, corresponding to an absolute potential
<0 V vs. Ag/AgCI/KCl(sat.), meaning its tendency to form oxide during chronoamperometry

was low; it acted predominantly as a cathode.
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Figure 62: XPS spectra acquired on coating surfaces after the chronoamperometry tests at +0.15 V vs. OCP: Fe2p (A)

and Ti2p (B) spectra of the Alo(CrMnFeNi)+60TiC sample; Fe2p (C), Ti2p (D), and Cr2p (E) spectra of the
Al14(CrMnFeNi)+60TiC sample.

To evaluate the stability limits of the passive films on the Alo(CrMnFeNi)+60TiC and
Al14(CrMnFeNi)+60TiC samples, additional chronoamperometric tests were conducted at
overpotentials of +0.20 V and +0.25 V vs. OCP (Figure 63). Both values lie within the
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pseudo-passive region of the curves in Figure 53 but impose harsher conditions than +0.15
V.

All curves at these higher overpotentials still showed a rapid initial current drop (first 100—
200 s), but the overall behaviour differed from that at +0.15 V. At +0.20 V, the
Alo(CrMnFeNi)+60TiC sample initially exhibited slightly cathodic current densities but then
returned to anodic values and later showed a sudden increase by two orders of magnitude.
At +0.25V, its current density remained anodic and increased continuously, ending around
2x10™* A/lcm?,

The Al14(CrMnFeNi)+60TiC sample never became cathodic. At +0.20 V, its current increased
steadily, exceeding values recorded for the Alo(CrMnFeNi)+60TiC sample before the latter’s
sudden jump. At +0.25 V, its current density was several orders of magnitude higher from
the beginning and rapidly rose to ~4x1072 A/cm?2.

Thus, increasing the overpotential above +0.15 V vs. OCP destabilized the passive layers
of both compositions. The Al14(CrMnFeNi)+60TiC coating, likely due to its dual-phase (BCC

+ FCC) matrix, degraded more readily.
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Figure 63: Chronoamperometric curves recorded on the Alo(CrMnFeNi)+60TiC Run3 and Al14(CrMnFeNi)+60TiC Run3
samples at fixed overpotentials of +0.15 V vs. OCP, +0.20 V vs. OCP, +0.25 V vs. OCP.

139



SEM micrographs (Figure 64) reveal that passive-film cracking triggered interlamellar
corrosion, with severity proportional to the recorded current densities. Damage remained
limited after testing at +0.20 V (Al14: Figure 64A—-B; Alo: Figure 64E—F). At low magnification,
no macroscopic defects were visible (Figure 64A, E). However, the electrolyte penetrated
lamellar boundaries and corroded the matrix in specific lamellae (circled in panels A and F).
Higher magnification (Figure 64B, F) shows unsupported TiC particles due to matrix
dissolution. Corresponding EDX spectra (Figure 65A, C) show that Ti peaks remained
similar in corroded and unaffected areas, while Cr, Mn, Fe, and Ni peaks decreased in
corroded regions. Cr peaks increased relatively to Mn, Fe, and Ni, indicating selective
dissolution of the latter three, consistent with the selective dissolution observed in Section
3.5.b. Pre-existing oxide inclusions (spectrum 3) contained more Ti (and some Al) but far

less Cr, Mn, Fe, and Ni than the corroded regions.

Although the substrate interface appeared intact (Figure 64A, E), detailed images,
particularly for Alo(CrMnFeNi)+60TiC, revealed isolated corrosion spots. Figure 65B and C
show needle-like Fe-, O-, and Cl-rich corrosion products (spectra 4 and 5), easily
distinguished from Al,O; grit residues through their backscattered electron contrast level
and the EDX spectra (compare with spectrum 6). These features suggest that the rising
current during the test corresponded to the onset of substrate corrosion: the electrolyte, after
selectively dissolving specific lamellae, eventually formed an interconnected path through
the coating. This agrees with observations from polarization tests (Section 3.5.b., Figure
55C-D) and supports the conclusion that substrate corrosion did not result from pre-existing
porosity but rather from the time-dependent development of through-thickness pathways.

Higher overpotentials accelerated this process.

Corrosion at lamellar boundaries was more severe at +0.25 V (Figure 64C-D, G-H),
matching the higher currents of Figure 63. The Alo(CrMnFeNi)+60TiC sample (Figure 64G—
H) developed pronounced interlamellar routes extending deep into the coating. The
Al14(CrMnFeNi)+60TiC sample (Figure 64C-D) suffered even more extensive interlamellar
attack. As the current densities increased, the corrosion morphology progressively
approached that seen after transpassive corrosion in the polarization tests (Figure 55 and
Figure 56). In all cases, the primary mechanism triggered by passive-film breakdown was
the penetration of the electrolyte along lamellar boundaries followed by selective dissolution
of the metallic matrix, progressing from the boundary inward. Local substrate corrosion also
reappeared, and reddish corrosion products were visible on the surfaces of samples tested
at +0.25 V vs. OCP.
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Figure 64: Cross-sectional SEM micrographs of the Al14(CrMnFeNi)+60TiC Run3 (A-D) and AlIO(CrMnFeNi)+60TiC (E-H)
samples after chronoamperometric tests at +0.20 V (A-B, E-F) and +0.25 V vs. OCP (C-D, G-H): overviews (A, C, E, G)
and details of the corroded area (B, D, F, H). The circles in panels A and F indicate corroded lamellae; the arrows in
panel F indicate substrate corrosion.
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Figure 65: Cross-sectional SEM micrographs of the Alo(CrMnFeNi)+60TiC Run3 sample after the chronoamperometric
test at +0.20 V (A-B) and corresponding EDX spectra (C).
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Conclusions

This PhD Thesis set out to design, deposit and characterise new thermal spray coatings
capable of eliminating cobalt and tungsten while maintaining, and where possible improving,
the functional performance traditionally provided by Stellite overlays and WC-CoCr
hardmetal systems. The work addressed two complementary material families: metallic
high-entropy alloy (HEA) coatings and HEA-TIC cermet coatings, both produced through
high-energy ball milling and deposited via high-velocity oxy-fuel (HVOF) spraying. These
material systems were chosen in response to two critical industrial drivers: the increasing
pressure to reduce the dependence on Critical Raw Materials (CRMs), particularly Co and
W, now formally recognised as strategically vulnerable by the European Commission; and
the well-documented health hazards associated with cobalt-containing binders, which have
been linked to carcinogenicity and environmental risks. Recent reviews of global supply
chains and occupational exposure confirm the urgency of developing CRM-free alternatives

that remain competitive in demanding wear- and corrosion-dominated environments.

From a microstructural and physico-chemical perspective, the metallic HEA coatings
produced in this work demonstrate the viability of the selected design strategy. HVOF
deposition of mechanically alloyed Cantor-type and cobalt-free Alx(CrMnFeNi)100-x HEAS
produced dense, low-porosity coatings with homogeneous microstructures, consistent with
recent studies showing that HEA powders, even when produced by mechanical alloying
rather than gas atomisation, can serve as robust feedstocks for thermal spray technologies.
The evolution of phase composition with aluminum content followed the behaviour widely
documented for this alloy system: Cantor and Alo(CrMnFeNi) promote stable FCC matrices
with relatively high toughness, whereas Al-rich variants tend to develop dual FCC/BCC or
predominantly BCC microstructures due to ordering phenomena and lattice distortions. This
structural shift is directly reflected in the mechanical properties: hardness increases steadily
as the matrix transitions from FCC to mixed FCC/BCC and finally to BCC structures, a trend
supported by numerous reports in the HEA literature where aluminum acts as a strong solid-
solution strengthener but reduces ductility. High-speed nanoindentation mapping carried out
in this thesis confirmed the presence of distinct mechanical populations: soft FCC, harder
BCC, and interfacial regions, with local property variations mirroring those observed in bulk

HEAs and thermally sprayed HEA coatings examined in recent works.

Importantly, mechanical performance alone does not dictate industrial applicability.

Corrosion testing in 3.5 wt.% NaCl demonstrated that both cobalt-containing (Cantor) and
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cobalt-free Alo(CrMnFeNi) and Al1wo(CrMnFeNi) coatings exhibit corrosion resistance
comparable to stainless steels and conventional Ni-based overlays. Several publications
have highlighted similar passivation behaviour in HEAs with balanced Cr/Ni ratios,
confirming that the corrosion response of these alloys is governed more by passive-film
stability and microstructural homogeneity than by the presence of Co or W. The results of
this thesis therefore reinforce the feasibility of HEAs as CRM-free functional coatings for

corrosive environments.

Parallel research explored CRM-free hardmetal-type coatings based on HEA-TiC cermets.
All four compositions synthesised: Cantor+60TiC, Alo(CrMnFeNi)+60TiC,
Al14(CrMnFeNi)+60TiC and AICuCrFeNi+60TiC; could be deposited via HVOF as dense
coatings with a fine dispersion of TiC. This aligns with earlier studies demonstrating that TiC-
based cermets offer a promising path for reducing reliance on WC and Co while maintaining
high hardness. Structural analyses revealed that TiC remained the dominant ceramic phase
after deposition, although limited decarburisation (TiC1-x formation) and oxide inclusions
were observed, consistent with high-temperature spray processes. The matrices retained
the trends observed in their monolithic HEA counterparts: FCC-dominated matrices (Cantor,
Alo(CrMnFeNi) and AICuCrFeNi) exhibited enhanced ductility, whereas BCC/B2-rich
matrices (e.g., Al14(CrMnFeNi)) delivered higher hardness at the expense of brittleness.
Such structure—property relationships are widely discussed in the cermet literature, where
the balance between matrix toughness and ceramic reinforcement dictates the final
performance.

Micromechanical mapping revealed four main mechanical populations: soft FCC metallic
regions, harder BCC-rich regions, mixed interfacial zones and very hard TiC particles. The
high nanohardness values measured for the metallic phases, greater than typical bulk HEAs,
can be attributed to indentation size effects, constraint from finely distributed ceramic
phases, and the high strain-rate nature of the mapping technique. These factors collectively
contribute to the high macroscopic hardness of the coatings but also accentuate the need
to control interlamellar brittleness to prevent crack propagation under service conditions.
Tribological performance revealed a nuanced landscape. Under sliding wear (ball-on-disc),
all HEA-TIC cermets displayed higher specific wear rates than WC—-CoCr benchmarks and
remained inferior to advanced (Ti,Mo)(C,N)-Ni systems reported in recent studies. The
dominant damage mechanisms: microabrasion, interfacial fatigue, and localised brittle

fracture; are consistent with failure modes commonly observed in TiC-based and high-
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ceramic-fraction cermets. These findings underscore that improving matrix toughness is

essential if HEA-TiIC cermets are to match the sliding wear resistance of WC—-CoCr.

However, the behaviour under high-stress abrasion (steel-wheel abrasion) was more
encouraging. Coatings such as Cantor+60TiC and particularly AICuCrFeNi+60TiC displayed
specific wear rates comparable to CrsC2—NiCr and significantly better TiC-based cermets
with conventional matrices. The promising behaviour of AICuCrFeNi+60TiC highlights a key
insight: HEA matrices, when optimised for ductility and strain hardening, can confer a level
of toughness that mitigates brittle fracture during severe abrasive loading. This represents

a substantial step towards CRM-free hardmetals tailored for abrasive environments.

The corrosion behaviour of the HEA-TIC coatings was generally acceptable for industrial
deployment. Variations in corrosion current densities and potentials were more strongly
influenced by oxide inclusions, splat-boundary quality and deposition conditions than by the
exact HEA chemistry. The presence of a high-volume fraction of TiC did not intrinsically
deteriorate the corrosion resistance, provided that the coatings remained dense and that
galvanic interactions were stabilised by protective passive layers. These findings are
consistent with recent studies on TiC- and TiCN-based cermets, which highlight the decisive
role of coating density and surface passivation. The incorporation of TiC can even promote
a pseudo-passivation behaviour that further enhances corrosion resistance.

From a broader technological perspective, the overall results confirm several key
conclusions. First, cobalt replacement in WC-based systems is already feasible using Ni-
rich or compositionally complex binders, without sacrificing tribological or corrosion
performance. Second, full replacement of both Co and W is technically achievable using
TiC-based cermets with HEA or NiCr matrices, although further development is required,
particularly in improving sliding wear behaviour, before these materials can be considered
possible substitutes. Third, the synergistic combination of HEA design principles, advanced
powder engineering and high-kinetic thermal spray deposition forms a powerful platform for
developing next-generation protective coatings aligned with circular-economy objectives
and tightening regulatory constraints. These findings are consistent with contemporary
literature advocating HEA-based coatings as promising candidates for sustainable, high-

performance surface engineering.

To move these systems closer to industrial adoption, several research directions emerge
naturally from the results. Future work should explore HEA matrices designed to exploit

transformation-induced plasticity (TRIP) or twinning-induced plasticity (TWIP), as these
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mechanisms could provide the toughening required to close the sliding-wear performance
gap. Alloying strategies for fine-tuning FCC/BCC/B2 phase equilibria should be refined
further, and powder engineering approaches, such as hybrid atomised—milled powders and
controlled particle size distributions, should be optimised to reduce oxidation, porosity and
carbide decarburisation during spraying. More complex tribological tests involving impact,
cyclic loading, variable temperature, or combined wear—corrosion interactions will be
essential for benchmarking against advanced WC—-CoCr and CrsC2—NiCr coatings. Finally,
post-deposition treatments such as laser remelting, heat treatments, or hot isostatic pressing

could be used to heal interlamellar defects and stabilise the microstructure.

In conclusion, this thesis demonstrates that it is technically feasible to design, manufacture
and validate cobalt- and tungsten-free thermal spray coatings capable of approaching, and
in certain cases matching, the performance of current industrial benchmarks. It provides
both detailed property data for specific compositions and generalisable design principles
that can inform the next generation of sustainable, high-performance protective coatings.
The work therefore represents a significant contribution to the ongoing transition towards
coatings that are safer, more resource-efficient, and compliant with emerging environmental

and regulatory frameworks.
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